



Solidification Behaviour of Fe-rich 















BCAST (Brunel Centre for Advanced Solidification Technology) 






A thesis submitted to Brunel University for 
































The industrial use of recycled aluminium is greatly limited by the degraded 
mechanical properties due to the increased impurities. Fe, one of the common 
impurity content in Al alloys, is difficult to eliminate once introduced into 
aluminium during primary production or recycling processes. Due to the low solid 
solubility of Fe in Al, the formation of Fe-rich intermetallic compounds (Fe-IMCs) is 
inevitable, which is one of the main causes for the deterioration of mechanical 
properties in various cast Al alloys. In order to obtain desirable mechanical 
properties of recycled Al alloys, modification and refinement of the Fe-IMCs are 
urgently required as the compact and refined morphologies of such intermetallics are 
generally non detrimental to Al alloy’s performance. However, manipulating the 
solidification behaviour of the Fe-IMCs phases, including nucleation and growth, is 
very challenging because of the inherently more difficult heterogeneous nucleation 
of the Fe-IMCs compared with that of a pure metal or a solid solution; and the strong 
growth anisotropy. Limited understanding on mechanisms of nucleation and growth 
of the multicomponent Fe-IMCs is available in the literature. 
The aim of this study is to gain a deeper understanding on the heterogeneous 
nucleation and growth behaviour of Fe-IMCs in various Al alloys. The nucleation 
and growth of both primary and eutectic Fe-IMCs have been investigated during 
various solidification conditions including a number of different cooling rates and 
casting temperatures. Based on the experimental results of the solidification of 
several ternary and quaternary alloys, effect of Mg on the solidification behaviour of 
Fe-IMCs was investigated. Further the surface modified TiB2 particles were used to 
enhance the heterogeneous nucleation of Fe-IMCs in order to refine the Fe-IMCs 
particles. 
The dominant Fe-IMC in Al-5Mg-2Si-1.2Fe-0.7Mn alloy is identified, using 
transmission electron microscopy (TEM), as α-AlFeMnSi with a body centred cubic 
(BCC) lattice structure and lattice parameter of 1.256nm. In the current alloy system, 
the nucleation of primary α-AlFeMnSi occur at lower cooling rate (≤0.8K/s) when 
required nucleation undercooling is reached, as the slower cooling rate allows longer 
diffusion time for the solute to form a stable nucleation embryo. When casting with 
ii 
 
20K superheat, the size of primary α-AlFeMnSi increases gradually from 
24.5±3.1μm (870K/s) to 251.3±75.3μm (0.02K/s) and the size of α-AlFeMnSi 
eutectic increased gradually from 102.0μm (870K/s) to 623.3μm (0.02K/s). The Fe 
and Mn concentration in α-AlFeMnSi appears to reduce with the increased cooling 
rate due to the relatively insufficient solute supply when solute concentration is low 
(1.2wt.% Fe and 0.7wt.% Mn). Microstructure observation reveals that the {011} 
plane, especially on <111> orientation, is the preferred growth orientation of BCC 
primary α-AlFeMnSi, resulting in rhombic dodecahedral in 3D. The eutectic α-
AlFeMnSi, prefers to initiate on the primary α-AlFeMnSi. In addition to the 
substantial nucleation undercooling, the research revealed that the nucleation of 
primary α-AlFeMnSi also rely on the local solute concentration and the solute 
diffusion. Compared with α-Al, the growth of α-AlFeMnSi is less sensitive to the 
cooling rate changes due to the complexities in multi-components interaction and 
different diffusion efficiency of different elements. 
The addition of Mg to Al-1.2Fe-0.7Mn and Al-2Si-1.2Fe-0.7Mn alloys was found to 
lead to a morphology change of Fe-IMCs. Al6(Fe,Mn), the predominant Fe-IMC in 
the Al-1.2Fe-0.7Mn-xMg alloy, changed from needle morphology to interconnected 
lamellar morphology when Mg composition increased from 0.004wt.% to 6.04wt%. 
A Mg-rich layer at about 5-20nm in thickness was commonly observed on the Fe-
IMC/α-Al interface in the alloys with Mg content. The eutectic lamellar spacing for 
Al6(Fe,Mn) increases from 1.8±0.3μm to 4.5±0.8μm when Mg content increased 
from 0.004wt.% to 6.04wt.%. In the case of α-Al12(Fe,Mn)3Si, the predominant Fe-
IMC in Al-2Si-1.2Fe-0.7Mn-yMg alloys, its lamellar spacing of the eutectic 
increased from 1.4±0.3μm to 3.25±0.8μm when Mg increased from 0.04wt.% to 
5.41wt.%. Owing to the strong anisotropy of the Fe-IMC crystals, the segregation of 
solute Mg on preferred growth orientation is higher, causing greater growth 
restriction on this orientation. Consequently, the growth velocity on other 
orientations becomes relatively more significant.  
To optimise the morphology of Fe-IMCs in Al alloys, a novel Αl-Ti-B(Fe) grain 
refiner for Fe-IMCs has been developed to enhance the heterogeneous nucleation of 
Fe-IMCs. The addition of the novel grain refiner to an Al-5Mg-2Si-1.2Fe-0.7Mn 
alloy under controlled solidification condition results in a considerable refinement of 
the primary Fe-IMCs from 251.3±75.3μm to 110.9±45.5μm and from 127.3±36.2μm 
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to 76.5±18.2μm at cooling rates of 0.02K/s and 0.15K/s, respectively. TEM 
investigations on the refiner reveal a Fe-rich adsorption monolayer in a zigzag 
fashion on the prismatic planes on the boride particles. This surface modification is 
beneficial for the heterogeneous nucleation of the Fe-IMCs. Further investigation of 
the Al alloy with this grain refiner addition revealed that there existed specific 
orientation relationships (ORs) between TiB2 and Fe-IMCs: (001)[020]Al13Fe4 // (11-
20)[10-10]TiB2, and (001)[120]Al13Fe4 ∠6.05˚ (11-20)[10-11]TiB2; (0-11)[100]α-AlFeMnSi 
// (0001)[-2110]TiB2, and (0-11)[111]α-AlFeMnSi ∠4.5˚ (0001)[10-10]TiB2. The Fe 
adsorption on substrate particle, the observed ORs between TiB2 and Fe-IMCs, and 
the refinement of primary α-AlFeMnSi with the addition of modified TiB2 provide 
evidence of structure templating and composition templating required by 
heterogeneous nucleation of Fe-IMCs.  
This research has delivered contribution to the understanding and new approach for 
optimizing the morphology of Fe-IMCs in the Fe-containing Al alloys. Using the 
slow cooling rates (≤0.15K/s), the formation compact primary α-AlFeMnSi can be 
considerably encouraged. With a lower casting temperature, the size and volume 
fraction of large Chinese-script α-AlFeMnSi can be significantly reduced. With 
addition of reasonable Mg content the morphology of Fe-IMC can be modified. 
Particularly, with the addition of the Al-Ti-B(Fe) grain refiner in well-controlled 
condition, the primary α-AlFeMnSi can be significantly refined. Thus, by 
implementing these approaches, the optimized Fe-IMC morphology in the 
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A list of symbols is given with a brief description 
Symbol Definition and Units 
α-Al α-Aluminium phase 
CL, CS Solute content in the liquid and the solid, respectively 
CV Heat capacity of the melt (J/(m
3∙
K)) 
C0 Chemical composition (wt.%) 
D Diffusion coefficient (m2/s) 
?̅? Mean grain size (μm) 
d Diameter of nucleation substrate (m) 
𝑓 Calculated lattice misfit (%) 
𝑓𝑆 Solid volume fraction 
𝑓𝐿 Liquid volume fraction 
∆G Gibbs free energy change (J/mol; J/m3) 
∆𝐺∗ Gibbs free energy change per mole (J/mol; J/m3) 
∆𝐺ℎ𝑜𝑚
∗  Gibbs free energy change for homogeneous nucleation (J/mol; J/m3) 
∆𝐺ℎ𝑒𝑡
∗
 Gibbs free energy change for heterogeneous nucleation (J/mol; J/m
3
) 
∆Gv Volumetric free energy change between solid liquid phases at the 
sample temperature (J/mol; J/m
3
) 
∆H Volumetric entropy change for phase transformation (J/mol; J/m
3
) 
K Alloy dependent constant 
𝑘 Equilibrium solute distribution coefficient 
𝑘B  Boltzmann’s constant 
L Liquid melt 
L1 Liquid melt before the binary eutectic transformation 
L’ Liquid melt before Al13Fe4 
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L’’ Liquid melt before Al8Fe2Si 
L2 Liquid melt before the ternary eutectic transformation 
LV Latent heat of fusion (J/mol; J/m
3
) 
m Slope of liquidus line (K/wt.%) 
N Nucleating substrates 
ρ Number density of particles 
Q Growth restriction factor  
RA Area Ratio (%) 
r Nucleus radius (μm) 
rc Critical nucleus radius (μm) 
∆SV Volumetric entropy of fusion (J/mol; J/m
3
) 
S(θ) A factor in terms of the wetting angle (º) 
?̇? Cooling rate (K/s)  
∆T Undercooling (ºC) 
∆Tc Critical undercooling in epitaxial nucleation model (ºC) 
∆TM Maximum nucleation undercooling (ºC) 
∆TN Heterogeneous nucleation undercooling (ºC) 
∆Tfg Undercooling required for achieving the state of free growth (ºC) 
TEu Primary eutectic temperature (ºC) 
TL Liquidus temperature  
TG Growth temperature (ºC) 
TN Nucleation starting temperature (ºC) 
TR Recalescence starting temperature (ºC) 
λ2 Secondary dendrite arm spacing (μm) 
λEu Eutectic lamellar spacing (μm) 
λa Minimum eutectic lamellar spacing (μm) 
λM Maximum eutectic lamellar spacing (μm) 
viii 
 
V Vector; or growth rate (specified in content) 
ε Ratio of α-/β- phase width (J/mol; J/m3) 
γs Specific surface energy (J/mol; J/m
3
) 
γlv Interfacial energy between liquid and vapour phases (J/mol; J/m
3
) 
γsl Interfacial energy between solid and liquid phases (J/mol; J/m
3
) 
γsv Interfacial energy between solid  and vapour phases (J/mol; J/m
3
) 
Z Half thickness of the Cu wedge mould 
|dfs/dT| Slope of the solid fraction versus temperature curve 
𝛤 
 
Gibbs-Thomson parameter (K/m) 
𝜃 Wetting angle; or angle at three phase junction (specified in content) 
∅ Parameter of interface position; or diameter (specified in content) 
 
Abbreviations 
CALPHAD CALculation of PHAse Diagram 
CA Cooling in Air 
CF Cooling in Furnace 
DE Deep Etching 
Fe-IMC Fe-rich Intermetallic Compound 
GRF Growth Restriction Factor 
HAADF High Angle Annular Dark Field 
MQ Steel mould Melt Quench 
MTB Modified TiB2 particles 
PS Pseudomorphic Solid 
SDAS Secondary Dendrite Arm Spacing 
TP-1 Standard Test Procedure for aluminium alloy grain refiners 
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Chapter 1 Introduction 
1.1 Background 
Recycling of Al alloys is a preferable way to produce aluminium compared with 
production from raw materials duo to its low energy consumption and low 
greenhouse gas emission (Kvackaj and Bidulsky, 2011; Green, 2007). The 
purification process from bauxite to the aluminium is a very sophisticated and energy 
consuming process. Recycling requires only 5% of the energy consumption required 
for aluminium production from the raw material (Green, 2007). Considering Al 
alloys’ good weight/strength/cost ratio, it is becoming more dominant in metallic 
applications, which in return will significantly stimulate the demand of recycling 
aluminium and developing recycled aluminium. 
Using recycled aluminium is very challenging due to the excessive amount of 
impurities including Fe, Si, Mn etc. Fe and Si, are accumulative elements in Al alloy 
and can never be completely removed once introduced during primary Al alloy 
production and the recycling process. Due to the low solubility of Fe (0.05wt.%) in 
Al (Phillips, 1959), it is inevitable that the Fe-IMCs form, which has become the 
main cause of deterioration of the mechanical properties of cast Al alloys (Mondolfo, 
2013). As a brittle, large and strong compound, Fe-IMC can easily cause shrinkage 
(Taylor, 2012), porosity (Taylor, 2012), ductility reduction (Ji et al., 2013), strength 
reduction (Wang, Makhlouf and Apelian, 1995), scattered mechanical properties 
(Wang, Makhlouf and Apelian, 1995), and reduction of fatigue life (Nyahumwa, 
Green and Campbell, 1998). Although adding grain refiner is an effective approach 
to increase the mechanical properties of Al alloy, a slight increase of Fe 
concentration can harm the mechanical properties of the final casting drastically. 
Significant amount work has been done to eliminate the negative effect of Fe in Al 
alloys. There have been two main approaches. The first is modifying the 
solidification process of Fe-IMC, including nucleation enhancement (Que et al., 
2017; Khalifa et al., 2005) and morphology modification (Mondolfo, 2013; Zhang et 
al., 2012). The other is de-ironing including gravity segregation (Cao, Saunders and 
Campbell, 2004; Cao and Campbell, 2000), filtration (de Moraes et al., 2006) and 
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EM separation etc. (Makarov, Apelian and Ludwig, 1998). However, the latter 
approach may only reduce Fe concentration to a certain level and normally requires 
very delicate procedures.  
Thus, enhancing the heterogeneous nucleation and modifying the growth behaviour 
of Fe-IMCs have become fundamentally important. Few effective methods can be 
put forward to reduce the size of Fe-IMCs. There has been a significant amount of 
effort dedicated to advancing understanding of heterogeneous nucleation through 
both theoretical and experimental approaches. The heterogeneous nucleation theories 
including classic nucleation theory (Turnbull, 1953), Maxwell-Hellawell (M-H) 
model (Maxwell and Hellawell, 1975) and free growth model (Greer et al., 2000) 
appears not to be effective at predicting the nucleation behaviour of Fe-IMCs. In 
recent years, the pre-nucleation theory (Men and Fan, 2014) has broadened our 
understanding of the nucleation process, which describes the pronounced atomic 
ordering in the liquid at the substrate/liquid interface (SuLI). Therefore, the lattice 
misfit may be manipulated with interracial segregation at the SuLI during the pre-
nucleation stage, which can either promote or impede heterogeneous nucleation (Fan 
et al., 2015). Both primary and eutectic Fe-IMCs, like every other anisotropic crystal, 
exhibit a coarse faceted morphology (Terzi et al., 2010; Dinnis, Taylor and Dahle, 
2005). Binary Al-Fe IMCs generally exhibit needle-like or long rod-like morphology 
and β-AlFeSi exhibits coarse plate-like morphology. The primary α-AlFeMnSi has a 
compact polyhedral morphology (Gao et al., 2013) when the iron equivalent value 
(IEV) is relatively low (Cao, Saunders and Campbell, 2004), and has the most 
compact morphology among all the Fe-IMCs. Therefore, along with Mg and Si, Mn 
is also introduced to the alloy to achieve an optimised morphology of Fe-IMCs. 
The heterogeneous nucleation of Fe-IMCs is much more complicated than that of 
pure liquid/solid solution, as it requires the creation of not only a simple crystal 
structure but a super-structure involving two or more elements. As suggested by Men 
and Fan (Men and Fan, 2014), a substrate with reasonable lattice mismatching with 
the nucleating phase requires structure templating for heterogeneous nucleation. Que 
and co-workers (Que et al., 2017) suggested that for the phases with large barrier to 
nucleation the composition templating is significantly beneficial as the case with the 
heterogeneous nucleation of Fe-IMCs. 
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1.2 Research Objectives 
The major objectives of this study are: 
 Understand the heterogeneous nucleation behaviour of Fe-IMC in Al alloys 
 Investigate the effect of casting conditions on the solidification behaviour of 
Fe-IMC 
 Study the role of solute segregation on the growth of anisotropic Fe-IMC 
crystal 
 Develop a novel grain refiner to enhance the heterogeneous nucleation of Fe-
IMC 
 Understand the mechanism of enhanced heterogeneous nucleation of Fe-IMC 
through solute element on the substrate 
1.3 Outline of Thesis 
After a sincere acknowledgement and an introduction of the research background, 
previous literature is reviewed in Chapter 2 with a detailed overview of the previous 
theoretical studies on the solidification behaviour, which include the classical 
nucleation theories, the study of potency and efficiency of nucleation substrates, the 
role of solute on the crystal growth, facet growth, including primary crystal and 
irregular eutectic crystals, and stability of the ceramic particles in Al-Ti-B alloy. 
Also in Chapter 2, the existing Fe-IMCs are summarized, and solidification 
behaviour of Fe-IMCs in Al alloys from previous research is reviewed. Chapter 3 
describes the experimental procedures and characterisation techniques in details. In 
Chapter 4, the result of the solidification behaviour of α-AlFeMnSi and Al6(Fe,Mn) 
in Al-5Mg-2Si-1.2Fe-0.7Mn-2Si alloy are presented with microstructure observation 
of various casting conditions, thermal analysis and phase identification and these 
result are discussed. In Chapter 5, the effect of the addition of novel grain refiner Al-
Ti-B(Fe) in the Al-5Mg-2Si-1.2Fe-0.7Mn alloy are presented, including the Fe 
adsorption, orientation relationships between Fe-IMCs and TiB2 and the role of 
composition templating. Chapter 6 offers the effect of Mg content on the 
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solidification behaviour of Fe-IMCs including thermal analysis, microstructure 
observation of alloys with different Mg contents and the quantification of α-Al and 
Fe-IMCs at different Mg composition. The main conclusions and suggestions for 






Chapter 2 Literature Review 
2.1. Theoretical Studies of Solidification Behaviour 
2.1.1. Classic Nucleation Theory 
The classical nucleation theory is based on a statistical analysis of the formation of 
atom cluster (or spherical caps in the case of heterogeneous nucleation) with a 
critical radius Rc and relates to a wetting angle θ between the substrate and the 
nucleating solid, which is thermodynamically activated and a stochastic process 
(Kurz and Fisher, 1986; Kelton and Greer, 2010; Dantzig and Rappaz, 2009; Porter, 
Easterling and Sherif, 2009; Volmer and Weber, 1926). There are two types of 
nucleation: homogeneous nucleation where the new phase is formed in a uniform 
manner and heterogeneous nucleation where the nucleation occurs on an existing 
substrate. For homogeneous nucleation, the wetting angle is considered to be π since 
there is no substrate for wetting. The Gibbs free energy change, ∆G, associated with 
the process of heterogeneous nucleation is equal to the sum of the surface excess free 
energy ∆GS change, and the volume excess free energy change ∆GV. Thus, the Gibb 





2𝛾𝑠𝑙)𝑆(𝜃)                            (2.1) 
𝑆(𝜃) = (2 + cos 𝜃)(1 − cos 𝜃)2/4                               (2.2) 
where γsi is the solid-liquid interfacial energy and S(θ) is the factor regarding the 
wetting angle θ. 
 
2.1.1.1. Homogeneous Nucleation 
When solid forms within its own melt without the assistance of a foreign material, it 
should nucleate homogeneously (Flemings, 1974). Nucleation in this way requires a 
large driving force because of the relatively large contribution of surface energy to 
the total free energy on very small substrate. For homogeneous nucleation, since the 







2𝛾𝑠𝑙                           (2.3) 
Gibbs free energy change per unit volume can be given approximately as (Porter, 




)                                               (2.4) 
where LV is the latent heat of fusion per unit volume. Since the interfacial energy 
increases as R
2
 whereas the volume free energy change only increases as R
3
, the 
creation of small substrate of solid always leads to free energy increase. This 
increase maintains the liquid phase in a metastable state almost indefinitely at a given 
under cooling. Since dG=0 when the R=Rc, the critical nucleus is effectively in an 
unstable equilibrium state with the surrounding liquid as illustrated in Fig. 2.1. 
 
Figure 2.1 The free energy change associated with homogeneous nucleation of a sphere of 
radius r (Porter, Easterling and Sherif, 2009). 
 
Therefore, the critical free energy barrier for the radius 𝑟∗  of a stable spherical 
particle which is just stable at an undercooling ∆T is given by  















                                               (2.6) 
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From the equations (2.3) and (2.4), it shows that both the critical radius Rc and the 
activation free energy ∆G
*
 decrease as temperature Tm decreases (∆T increases). 
Physically, this means that with a lowering of temperature at temperatures below the 
equilibrium solidification temperature Tm, nucleation occurs more readily. The 
homogeneous nucleation rate is given (Dantzig and Rappaz, 2009):  
𝛥𝑁ℎ𝑜𝑚 = 𝑓0𝐶0𝑒𝑥𝑝 (
𝛥𝐺ℎ𝑜𝑚
𝑘𝑇
)                                        (2.7) 
where 𝑓0 is a complex function that is dependent on the vibration frequency of the 
atoms, the activation energy for diffusion in the liquid and the surface area of the 
critical nucleus. C0 is the atoms per unit volume contained in the liquid. 
2.1.1.2. Heterogeneous Nucleation 
Although the level of undercooling for homogeneous nucleation might be significant, 
in practical situations this is often in the order of several degrees Celsius. The reason 
is that the activation energy for nucleation (∆G
*
) is lowered when nucleus forms on 
the pre-existing surface or interfaces. In another word, it is easier for nucleation to 
happen at these surfaces and interfaces than at other regions. Again, this type of 
nucleation is defined as heterogeneous nucleation. The energetic expression of 
heterogeneous nucleation is shown in Equation 2.1 and 2.2. The relationship between 
the nucleation barriers of homogeneous nucleation and heterogeneous nucleation is 
given (Porter, Easterling and Sherif, 2009), 
∆𝐺ℎ𝑒𝑡
∗ = ∆𝐺ℎ𝑜𝑚
∗  𝑆(𝜃)                                             (2.8) 
The wetting angle for heterogeneous nucleation is illustrated in Fig. 2.2. Thus, the 
energy barrier for heterogeneous nucleation is much smaller than that of 
homogeneous nucleation. Significant reductions are also obtained for higher values 
of θ. Thus, the equation 2.7 for heterogeneous nucleation is expressed as, 
𝛥𝑁ℎ𝑒𝑡 = 𝑓0𝐶0𝑒𝑥𝑝 (
𝛥𝐺ℎ𝑒𝑡
𝑘𝑇
)                                      (2.9) 
where f1 is a frequency factor similar to f0 in equation 2.7 and C1 is the number of 




Figure 2.2 Schematic illustration of heterogeneous nucleation of a spherical cap on a flat 
surface or interface of the substrate, where θ is the wetting angle of the solid on the substrate, 
γsl, γml and γsm are the interfacial energies of liquid/solid, mould/liquid, and solid/mould, 
respectively (Turnbull, 1953). 
2.1.2 Potency of Nucleation Substrates 
Nucleation potency, by definition, is the effectiveness of a substrate at facilitating 
nucleation. It is inversely related to the undercooling that is required for nucleation 
(∆Tn) (Bramfitt, 1970). However, there are inherent issues with the classical 
nucleation theory, particularly the difficulties in the measurement of nucleation 
effectiveness, i.e. θ and ∆G*, as the wetting angle cannot be observed and the 
interfacial energy is composed of several contributory factors (Qian, 2007; Bramfitt, 
1970; Walton, 1962). Thus, it is hard to determine whether a particle can be an 
effective nucleus for a given phase. For the purpose of resolving this problem, the 
lattice misfit between substrate and nucleating phase has been used to determine the 
potency of the substrate (Baker and Cahn, 1971; Turnbull, 1953). This is based on 
the basic understanding that low values of wetting angle usually lead to low-energy 
interface between the substrate and the solidifying species, which should in turn be 
favoured by good lattice matching between the substrate and solid (Porter, Easterling 
and Sherif, 2009). Therefore, the lattice misfit is commonly accepted as a critical 
value to determine the potency of potential nucleation substrates (Fan, 2013; Zhang 
and Kelly, 2005a; Maxwell and Hellawell, 1975a; Turnbull, 1953). The theoretically 
lattice misfit, or misfit, is defined as,  
  𝑓 =
|𝑑𝑛−𝑑𝑠𝑢𝑏|
𝑑𝑛
× 100%                                       (2.10) 
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where dn and dsub are the atomic spacing along a specific direction on the matching 
planes of the nucleated phase and the nucleation substrate, respectively. The lattice 
spacing of these two phases is mainly dependent on the crystal structure. The lattice 
structure of this interface is shown schematically in Fig. 2.3. The interface region can 
be explained by a simple dislocation model that compensates for the lattice strain in 
the nucleated phase for the nucleation misfits up to 20% (Bramfitt, 1970).  
 
Figure 2.3 Schematic illustration of nucleated phase, substrate, interface and the atom 
spacing of (dn) nucleated phase and (dsub) nucleation substrate (Porter, Easterling and Sherif, 
2009). 
Wetting as a mechanism for nucleation has long been assumed in the condensation of 
vapour on wetted insoluble particles (Bykov and Zeng, 2002; Kuni et al., 1996), 
where the nucleus is often considered to be a uniform liquid film. The nucleus is 
treated differently according to the thickness of the liquid film. It is proposed that the 
consideration should include an additional term to indicate the interactions of surface 
forces between the nucleation substrate and nucleating phase when the nucleating 
phase’s film is thin (Kuni et al., 1996). However this additional term can be taken to 
be negligible when the film thickness increases. Further, Maxwell and Hellawell 
(Maxwell and Hellawell, 1975a; Maxwell and Hellawell, 1975b) proposed a 
mechanism (the M-H model) that combines the spherical-cap model with wetting for 
grain formation on the faceted intermetallic compound particles. They believe that 
after the formation of a sphere-cap nucleus on a flat surface, it efficiently envelopes 
and wet the particle leading to small undercooling which implies a very small 














be approximately equal to the dimensions of IMCs. This has been supported by many 
subsequent research. However, Yang’s observation for the formation of thin metal 
(sodium) films by condensation of the sodium vapour on different substrates suggests 
that the calculated critical nucleus size from the experimental data is approximately 
the size of a unit cell of sodium (Yang et al., 1954). Walton reassessed that for 
nucleus of this magnitude the uncertainties associated with the spherical-cap model  
 
Figure 2.4 Various models proposed for heterogeneous nucleation on substrates of different 
potency and geometries: (a) a schematic of the M–H model drawn according to Maxwell and 
Hellawell’s description (Maxwell and Hellawell, 1975a) where sufficient wetting (θ) implies 
small undercooling; (b) the adsorption model described by Cantor and Kim, where the 
heterogeneous nucleation takes place by dynamic atom-by-atom adsorption at the catalyst 
surface, which reduces the interfacial energy between substrate and nucleation phase (Cantor, 
2003; Kim and Cantor, 1994); (c) Edge-to-Edge model (E2EM) described by Zhang that 
describes the lattice matching of the nucleation phase and substrate suggesting the capability 
of nucleation orientation relationship prediction (Zhang and Kelly, 2005a). (d) liquid 
film/drop formation on a solid wettable spherical particle in a super-cooled liquid metal 
(Qian, 2007), where interface adsorption of nucleating metal occurs at a critical undercooling 









whereas the concept of surface energy become so large that the critical nucleus 
approaches atomic dimensions or is actually planar, and therefore the concept of θ is 
no longer applicable (Walton, 1962). As shown in Fig. 2.4, even with the difficulties 
in assessing the wetting angle, some well acknowledged nucleation theories are 
summarized including the M-H model (Maxwell and Hellawell, 1975a), Cantor’s 
description of adsorption (Cantor, 2003), Edge-to-edge model (E2EM) (Zhang and 
Kelly, 2005a; Zhang and Kelly, 2005b) and Qian’s description of the potent spherical 
nucleation (Qian, 2007). Thus, if substrate particles can achieve good wetting, the 
nucleation barrier is significantly reduced, which implies good nucleation potency. 
Adsorption on the wetted substrate is considered to be another important factor 
affecting substrate particle nucleation potency. In metallic systems, minor elements 
additions significantly affect the nucleation and change the nucleation undercooling. 
Ge addition increases the lattice mismatch for the nucleation of Al-Pb and Al-Cd 
suggesting that the catalysis is dominated by a chemical rather than a structural 
compatibility (Turnbull and Vonnegut, 1952), which was further investigated by 
Cantor and co-workers (Zhang and Cantor, 1990; Ho and Cantor, 1992) that the Ge 
increases the nucleation undercooling for Cd and Pb droplet by increasing lattice 
misfit. Cantor and Ho later observed that the undercooling for the solidification of Si 
reduced dramatically by Al doped with trace P and Na due to the formation of AlP 
later on Al/Si interface. The mismatch between this adsorption layer and the 
nucleating phase was then proposed to be the dominant factor for the effectiveness of 
solute adsorption on the nucleation catalysis (Schumacher and McKay, 2003; Bunn 
et al., 1999; Schumacher and Greer, 1997; Schumacher and Greer, 1994). More 
recently, Fan and co-workers (Fan, 2013; Fan et al., 2015) proposed a model 
concerning both lattice mismatching and the effect of elemental adoption on the 
wetted substrate for heterogeneous nucleation. In their model a pseudomorphous 
solid layer with critical thickness hc forms on surface of substrate (see Fig.2.5). The 
value of hc depended on structure templating, which describes the lattice misfit 
between solid and substrate, and composition templating, which describes the γsl 
energy reduction by elemental adsorption on the substrate. Soon after, they directly 
observed the adsorption of Ti monolayer with an Al3Ti structure on (112) plane on 




Figure 2.5 Schematic illustration of the epitaxial model for heterogeneous nucleation of a 
solid phase (S) on a potent nucleating substrate (N) from a liquid phase (L) under 𝛥𝑇 > 𝛥𝑇𝑐: 
(a) liquid and substrate interface before the growth of the PS layer (h=0); (b) the initial 
formation of pseudomorphic solid (PS) with a coherent PS/N interface; and (c) completion of 
the epitaxial nucleation at a critical thickness (hc) by creation of misfit dislocation at the S/N 
interface to change the PS layer into the solid and to convert the coherent PS/N interface to a 
semicoherent S/N interface (Fan, 2013). 
 
In the above mentioned theories, the lattice misfit was used to assess the potency of 
nucleation substrate. Due to the difficulty in manipulating or determining wetting 
angle and interfacial energy between the substrate and nucleation phase, the lattice 
misfit is much more applicable for the assessment. Therefore, the lattice misfit can be 
used to evaluate the possibility of a certain type of particle can be the nucleation 
substrate for a given phase. 
2.1.3 Efficiency of Nucleation Substrate 
In describing grain refinement, “potency” and “efficiency” have been frequently used 
in the research in a way that create much confusion. Hence, it is necessary to offer 
more specific definitions for the nucleation potency, grain initiation efficiency and 
effective grain refinement. 
Grain initiation efficiency is defined as the fraction of the substrate that participates 
in grain initiation out of the total number of available substrate in the liquid during 
the entire solidification process (Fan, 2013). It is clear from this definition that grain 
initiation efficiency is a function of the specific physical characteristics of both the 
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nucleating particles and solidification conditions, such as the number density, grain 
size and the size distribution of the nucleating particles as well as the cooling rate. 
For a given nucleating substrate, the nucleation potency is fixed but the grain 
initiation efficiency can be changed by modifying the physical characteristics of the 
nucleating particles and/or changing the solidification conditions (Fan, 2013; Greer 
et al., 2000; Maxwell and Hellawell, 1975a). Effectiveness of inoculation with potent 
spherical substrates depends on both the particle size and the undercooling of liquid 
metal during solidification (Qian, 2007). For a given size of potent spherical 
substrate, a critical nucleation undercooling is still required regardless of the contact 
angle. Barrierless nucleation is possible only when the particle size approaches 
infinity under complete wetting conditions (Fan, 2013; Greer et al., 2000; Maxwell 
and Hellawell, 1975a).  
Turnbull described nucleation rate which is defined as the ratio between the density 
of clusters of radius Rc in equilibrium with the liquid and the density of atoms in the 
liquid. The heterogeneous nucleation rate (I
heter
) is given 








𝑓(𝜃)]                    (2.11) 
where v0 is the atomic vibration frequency, pc is the probability of capturing an atom 
at the surface and nc is the density of embryos that reach the critical radius for 
heterogeneous nucleation. Therefore the Time-Temperature-Transformation (TTT) 
curve at difference wetting angle can be given in Fig. 2.6. 
Nucleation undercooling is another important factor that affect the nucleation. 
Maxwell and Hellawell (Maxwell and Hellawell, 1975a) suggested that the final 
grain size is the result of competition between heterogeneous nucleation and growth 
in the melt. In the way, the nucleation rate will become negligible when the 
temperature increases due to the latent heat evolved during the growth of the 
nucleated crystals when recalescence appears, or when the nucleation sites are 
exhausted. Even though this model only applies to a single nucleation substrate size, 
it points to the final conditions of nucleation as shown in Fig. 2.7. 
After the nucleation, the growth of nucleated grain dominates the grain refinement. 
Greer and co-workers (Quested and Greer, 2005; Quested and Greer, 2004; Greer, 
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2003; Greer et al., 2000) developed the free growth model, which suggests that a 
new  
 
Figure 2.6 The formation of critical nuclei for the heterogeneous nucleation as a function of 
the absolute temperature for various values of the contact angle θ. The time tn is defined as 
the time to form one nucleus per cm
3
 (Dantzig and Rappaz, 2009). 
 
 
Figure 2.7 Schematic illustration of the cooling curve. The initial slope is the cooling rate, 
where the equilibrium transformation temperature Tp, the minimum temperature before 
recalescence Tmin, and the growth temperature after recalescence Tg (Maxwell and Hellawell, 
1975a). 
 
phase should start free growth immediately on a given substrate at a required 
undercooling that is inversely proportional to the diameter of the substrate. This 
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model provides that the grain initiation is not time-dependent and not stochastic, 
compared with the previous models, and the nucleation substrates are of multiple 
sizes rather than a single size as described previously by Maxwell and Hellawell. 
This model revealed that the largest particles in the melt start to grow first as soon as 
the required undercooling is reached, followed by the next largest particles as the 
undercooling increases. The grain size is limited by the recalescence that causes 
temperature rise, and no further initiation of free growth occurring afterwards. The 
required undercooling, ∆Tfg, for the free growth for a given substrate is essentially 
dependent on the diameter of the substrates. The undercooling is given by Greer 




)                                               (2.12) 
where 𝛾𝑠𝑙 is the solid-liquid interfacial energy, ∆𝑆𝑣 is the entropy of fusion per unit 
volume, and 𝑑 is the diameter of nucleation substrate. In this model, the size 
distribution of nucleation substrates is important, and is fitted by Quested and Greer 
(Quested and Greer, 2004) using a log-normal function. The fitted and measured size 
distribution of substrate TiB2 in the free growth model is shown in Fig. 2.8.  
 
Figure 2.8 Measured size distribution of substrate TiB2 particles in a commercial Al–5Ti–1B 
refiner (shaded bars) shown with log-normal fit (solid line). The error in the integrated 
population of particles greater than a given size (d) is found to be <10% over most of the 




Turnbull’s investigation (Turnbull, 1953), suggests that higher undercooling and 
nucleation time might increase the nucleation rate; therefore the nucleation event 
could be a progressive process. With this established, Maxwell and Hellawell applied 
the classic nucleation theory to calculate the number of heterogeneous nucleation 
events in an isothermal melt at given critical nucleation embryo size. The M-H 
model suggested that further heterogeneous nucleation would not occur when the 
melt temperature increased through recalescence or heterogeneous nucleation 
substrate is consumed (Maxwell and Hellawell, 1975a). Based on their model, Greer 
(Greer et al., 2000) developed the free growth model considering grain initiation on 
potent nucleation substrates. Unlike the time and stochastic dependent nucleation in 
M-H model, free growth model proposed that the nucleation is dependent on the 
undercooling and potent nucleation substrate size, suggesting that largest nucleating 
undercooling requires smallest substrate size. The substrate size distribution and the 
undercooling decide the number of nuclei that can free grow, and therefore the final 
structure can be determined. 
2.1.4 The Role of Solute on Crystal Growth 
Solidification is essentially an atomic movement and rearrangement process 
controlled by diffusion. In case a dilute alloy that has a composition of C0. The phase 
diagram (Fig. 2.9) of the alloy has been perfected by assuming solid line and liquid 
line are straight. Thus, the partition coefficient k can be given (Porter, Easterling and 




                                                    (2.13) 




                                                (2.14)     
where the solute composition in solid and liquid are CS and CL, respectively. 
Presume steady-state solidification at a planar interface as shown in Fig. 2.10 has a 
constant interface advancing speed, vp, in a constant temperature gradient, G>0. As a 
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result of changing solute concentration at the growth front, the correspondent 
equilibrium transformation temperature is adjusted. The concentration profile for 
 
Figure 2.9 A hypothetical phase diagram. k=CS/SL is constant (Kurz and Fisher, 1986). 
 
steady-state diffusion in an ideal system moving with the interface at a speed of v* 







= 0                                             (2.15) 
where Cl is the liquid composition, Dl is the solute diffusion coefficient in liquid and 
z is the distance in liquid from the S/L interface. After an initial transient, the alloy 
system reached a steady-state where the composition of liquid can be given as 






)]                                     (2.16) 
where and C0 is the nominal alloy composition. As the solidification processes, the 
undercooling at growth front contains two parts when the thermal undercooling is 
negligible (Kurz and Fisher, 1986), which can be expressed as 
∆𝑇 = ∆𝑇𝑐 + ∆𝑇𝑟                                           (2.17) 
where ∆Tc is the undercooling caused by solute piling up at the growth front and ∆Tr 
is the curvature undercooling cause by interface shape. As shown in Fig. 2.10, when 
the actual temperature in liquid (Tl) ahead of the growth interface is below the local 
equilibrium transformation temperature (Ts), the growth interface will be unstable. 
Thus, the area where ∆Tc>0 is defined as constitutional-supercooled region (Fig. 
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2.10). Constitutional supercooled region during solidification, in the early research, 
is described with constitutional-supercooling parameter P (Tarshis, Walker and 
Rutter,  
 
Figure 2.10 A schematic illustration of the constitutional supercooling (Tiller et al., 1953) 
and interface stability at the growth front for binary alloy under steady-state diffusion 
controlled solidification at constant velocity (Kurz and Fisher, 1986; Rappaz and Thevoz, 
1987) as  revised by Dantzig and Rappaz (Dantzig and Rappaz, 2009). 
 




                                               (2.18) 
where m is the idealized liquids slope, k is the equilibrium partition coefficient. 
Without the consideration of solute interactions, for a multi-components system the 
constitutional-supercooling parameter was estimated by simply summing the P value 
for individual elements (Spittle and Sadli, 1995). 
The M-H model considered the growth restriction of spherical crystal caused by the 
solute partitioning in diffusion controlled solidification (Maxwell and Hellawell, 




𝑄 = 𝑚(𝑘 − 1)𝐶0                                          (2.19) 
which was designated as Q by Greer and Easton and StJohn. In dilute multi 
component systems, where the solute diffusivities are considered essentially the same, 
additive the Q value appears good agreement with experimental observations (Greer 
et al., 2000; Spittle and Sadli, 1995). Easton and StJohn proposed that the growth 
restriction allows more nucleating substrates to become active for heterogeneous 
nucleation before recalescence (Easton and StJohn, 1999; Easton and Stjohn, 1999). 
Their analysis showed that grain size is closely related to the growth restriction factor 
(Easton and StJohn, 2001). Further development in this direction resulted a better 
analytic approach to explain the solute effect (Qian et al., 2010; Easton and StJohn, 
2005) and the more recent postulation of the interdependence theory by StJohn and 
co-workers (StJohn et al., 2011). Quested summarized the effect of inoculant size 
distribution and Q value to predict the final microstructure for Al alloys (Quested and 
Greer, 2004; Quested, 2004). 
 
Figure 2.11 Interface structures and three types of growth mechanism. A and B are material 
dependent constant (Sunagawa, 1999). 
 
2.1.5 Facet Crystal Growth  
Fundamentally, facet crystal growth is a type of growth with relatively stronger 
growth anisotropy depending on the type of crystal structure (Sunagawa, 1999). 
Depending on the type of interface, generally three types of growth mechanisms can 
be presented, lateral growth (Fig. 2.11a), surface nucleation (Fig. 2.11b) and spiral 
growth (Fig. 2.11c). The growth rate (V) is determined by the type of interface, the 
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growth mechanism and the driving force. Later, Sunawaga summarised the 
relationship between growth rate and the driving force as shown in Fig. 2.12 
(Sunagawa, 1990), suggesting that a rough surface requires larger driving force for 
the same growth velocity. 
In most metallic systems, where interface attachment kinetic is negligible, the growth 
along preferable crystallographic orientation is understood to be initiated by the 
system to minimize the area of the surfaces with high surface energy (Dantzig and 
Rappaz, 2009). Although the growth mechanisms are essentially the same, growth 
directions of anisotropic crystal is more restricted compared with isotropic crystal. In 
order further understand the growth anisotropy, Bravais (Bravais, 1866) derived an 
 
Figure 2.12 Schematic diagram showing the relations of crystal morphology, growth 
velocity and growth driving force (Sunagawa, 1990). 
 
empirical rule that crystal faces parallel to the net planes with higher reticular density 
(close-packed planes) develop faster on actual crystal than those with lower reticular 
densities. Consequently, as the anisotropy of the soli-liquid interface energy γsl 
increases, assuming that all other quantities remain the same, the dendrite will 
exhibit a sharper tip. When the anisotropy in γsl, is large enough, the dendrites exhibit 




𝛾𝑠𝑙 = 𝛾𝑠𝑙[1 + 𝑛(cos(𝑛𝜑)]                                    (2.20) 
where φ is the azimuthal angle measured from a reference direction, εn refers to the 
strength of the anisotropy and n is the degree of symmetry. Basing on this 
understanding, the surface morphology can be reconstructed with Wulff construction 
principles (Fig. 2.13) using different level of anisotropy (Dantzig and Rappaz, 2009). 
 
Figure 2.13 The equilibrium shape of fourfold symmetric 2-D crystal (a) ε=0.05 and (b) ε 
=0.15. The Wulff shap has been drawn inside of γsl for clarity (Dantzig and Rappaz, 2009). 
 
2.1.6 Irregular Eutectic 
When one of the two phases is faceted, the eutectic becomes irregular as the faceted 
phase is able to grow only along well-defined planes or/and directions (Dantzig and 
Rappaz, 2009). One faceted phase tends to grow along well-defined directions with 
the help of defects such as twins or screw dislocations. Therefore, the resultant 
eutectic structure is very complex and irregular, giving rise to an irregular eutectic 
morphology. A Schematic illustration of regular eutectic and irregular eutectic is 
shown in Fig. 2.14. The irregular eutectic can also develop instabilities along the 
edges of lamellae causing coarsening including remelting and ripping. A few defect-
assisted mechanisms for the growth of irregular eutectic is explained in Fig. 2.15, 
such as the (0001) graphite flake developing a spiral defect along [10-10] direction 
(Fig. 2.15a) and twins-like flakes with a typical spacing of approximately 0.4-1μm 




Figure 2.14 Eutectic interface morphologies that can be obtained when the α-phase is no-
faceted and the β-phase is either non-faceted (left) or faceted (right). The eutectic is growing 
in a thermal gradient perpendicular to the page. 
 
 
Figure 2.15 Possible irregular eutectic growth branching mechanism: (a) a rotational binary 
defect along [10-10] for Fe-C system (Minkoff, 1983); (b) twin formation in Al-Si (Lu and 
Hellawell, 1995); (c) screw dislocation growth mechanism for Ce-C nodular cast Fe (Double 





Figure 2.16 Minimum and maximum eutectic lamellar spacings (hollowed triangles) as 
well as average measured spacings (solid triangles)in Fe-C irregular eutectics under different 
growth conditions: (1) G=65K/cm, v=0.14μm/s, (2) G=69K/cm, v=1.11μm/s (3) G=72K/cm, 
v=3.47μm/s, (4) G=70K/cm, v=10.69μm/s (5) G=71K/cm, v=435.2μm/s. The measured 
undercooling is indicated by a solid arrow after (Jones and Kurz, 1981). 
 
the faceted lamellar phase leading the eutectic morphology with the non-faceted 
phase surrounding them (Fig. 2.15d). Although these distributed flakes appears fairly 
randomly, they are interconnected in 3D and can usually be tracked back to a shared 
nucleation centre. The growth mechanisms of the faceted phase dominate the growth 
process in the irregular eutectics.  
Fisher and Kurz (Fisher and Kurz, 1980) summarized that the faceted phase leads the 
eutectic reaction and is constrained to develop along the preferred crystallographic 
planes or orientations (Fig. 2.15d). As shown in Fig. 2.16, the relationship between 
the growth undercooling and irregular eutectic lamellar spacing are given (Dantzig 
and Rappaz, 2009): 
∆𝑇?̅? = 𝐴𝑅(1 + ∅




𝐷𝑙                                           (2.21b) 
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where AR and AC are growth constant for eutectic and ∅  is the parameter that 
describes interface position. 
2.2 Solidification Behaviour of Fe-rich Intermetallic 
Compounds  
Fe is highly associated with the deterioration of the mechanical properties of Al 
alloys. It is a common impurity and unavoidably picked up during the fabrication and 
recycling process of Al alloys (Green, 2007). Due to the low solubility of Fe ranging 
from 0.052wt.% to 0.8wt.% (Phillips, 1959), the inevitable formation of the Fe-IMCs 
has become the main reason for deterioration of the mechanical properties of cast Al 
alloys (Mondolfo, 2013). There are two main approaches to eliminate the detrimental 
effect of Fe content in Al alloys. The first approach is the modification including 
nucleation enhancement (Que et al., 2017; Khalifa et al., 2005) and morphology 
modification etc. (Mondolfo, 2013; Zhang et al., 2012). The second approach is the 
de-ironing which involves physical separation, such as gravity segregation filtration 
(de Moraes et al., 2006) and EM separation etc. (Makarov, Apelian and Ludwig, 
1998). 
2.2.1 Fe-rich Intermetallic Compounds in Al Alloys. 
In Al alloys, there is a range of Fe-IMCs including binary Al-Fe, ternary Al-Fe-Si 
and Al-Mn-Si and quaternary Al-Fe-Mn-Si intermetallic compounds etc. Binary Fe-
IMCs have some variants including Al13Fe4 (Al3Fe), AlmFe (x≈4.0-4.4), AlxFe 
(x=4.5-5.0) and Al6Fe (Al6(Fe,Mn)) (Allen et al., 1998; Skjerpe, 1987; Couture, 
1981); ternary Fe-IMCs have some variants including β-Al5FeSi, αh-Al8Fe2Si, γ-
Al3FeSi and δ-Al4FeSi2, αc-AlMnSi (Khalifa, Samuel and Gruzleski, 2003; Stefaniay, 
Griger and Turmezey, 1987; Rivlin and Raynor, 1981); quaternary Fe-IMCs have 
some variants including α-AlFeMnSi (Al12(Fe,Mn)3Si or  Al15(Fe,Mn)3Si2), α-Al 
(Fe,Mn,Cr)Si and π-Al8FeMg3Si6 (Cao and Campbell, 2004; Davignon et al., 1996; 
Narayanan, Samuel and Gruzleski, 1994; Barlock and Mondolfo, 1975). The crystal 




Table 2.1 Common Fe-rich intermetallic compounds in Al alloy  
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δ-Al4FeSi2 Tetragonal a=0.614nm 
b=0.948nm 










(Hwang, Doty and Kaufman, 
2008; Kim et al., 2006; Kral, 
2005; Donnadieu, Lapasset and 
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π-Al8FeMg3Si6 Hexagonal a=0.664nm 
c=0.794nm 
(Kuijpers et al., 2005; Foss et al., 




Figure 2.17 Al corner of equilibrium Al-Fe binary phase diagram (Allen et al., 1998). 
 
 




2.2.1.1 Binary Compounds 
Binary Fe-IMCs mainly consist of Al and Fe, and some found to contain trace Si 
contents (Mondolfo, 2013). The maximum equilibrium solid solubility of Si in Al is 
higher at ~1.6wt.% (Murray and McAlister, 1984), and low levels (~0.1-0.2 wt.%) of 
Si is readily accommodated by dissolution in the Al matrix and in the Al-Fe. 
 
Figure 2.19 Morphologies of binary Al-Fe intermetallic compounds including (a) Al13Fe4 at 
grain boundaries in cast ingot (Skjerpe, 1987), (b) branched dendritic Al13Fe4 particle (Kim 
and Cantor, 1994), (c) AlmFe (m≈4.0-4.4) eutectic (Khalifa, Samuel and Gruzleski, 2003); (d) 
AlxFe (x≈4.5-5.0) under cooling rate of 0.15K/s (Khalifa, Samuel and Gruzleski, 2003); (e) 
rod-like primary Al6(Fe,Mn) and (f) duplex (marked “A”) primary/eutectic Al6(Fe,Mn) (Liu 
et al., 2016). 
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Consequently, the phase contents of cast Al-Fe and Al-Fe-Si alloys with low Si 
concentration (≤0.1wt.%) are similar, although in the latter case the so called “binary” 
Fe aluminides often contain dissolved Si (Allen et al., 1998). As shown in Al-Fe 
binary phase diagram (Fig. 2.17), Al13Fe4, also designated as Al3Fe, is the first 
intermetallic phase to form on solidification of dilute Al-Fe alloys. 
The fully eutectic microstructures could be attained in rapidly cooled alloys with Fe 
content in excess of that of the equilibrium eutectic, 1.8wt.% (Fig. 2.17). The 
transformation of binary Fe-IMCs is dependent mainly on the cooling rate (Fig. 2.18) 
when there is no additional nucleation substrate (Young and Clyne, 1981). Under 
non-equilibrium solidification conditions a range of thermodynamically metastable 
Al6Fe eutectic phases that have smaller undercooling for the nucleation and growth 
than α-Al/Al13Fe4 forms (Skjerpe, 1987). Moreover, the typical microstructure, 
precipitate morphologies and Fe content of Al6Fe and Al13Fe4 are very similar (Fig. 
2.10). Al6Fe is also an important phase in Mn-containing alloys. Al6Mn and Al6Fe 
are isomorphs, and consequently Mn can substitute freely for Fe in the Al6Fe lattice 
to become more stable by lowering its energy. This raises the thermodynamic 
stability of the Al6Fe phase in Mn containing Al alloys. This type of compound is 
often denoted as Al6(Fe,Mn) (Alexander and Greer, 2004; Couture, 1981). The 
morphologies of binary Al-Fe IMCs in hypereutectic and hypoeutectic alloy are 
shown in Fig. 2.19a-d and Fig. 2.19e-f, respectively. 
2.2.1.2 Ternary Compounds 
Three ternary phases form under equilibrium solidification conditions in dilute Al-
Fe-Si alloys with sufficiently high Si content (>0.1wt.% Si in ≤0.2wt.% Fe 
containing alloys, and >0.2wt.% Si in ≤0.3-0.4wt.% Fe containing alloys). Fig. 2.20 
shows the liquidus projection and associated equilibrium solidification reactions in 
the Al corner of the Al-Fe-Si ternary phase diagram.  
The chemical compositions of common ternary Fe-IMCs are shown in Fig. 2.21. The 
three equilibrium ternary phases are produced by one of the two ternary peritectic 
reactions followed by a ternary eutectic reaction are (Allen et al., 1998): 




Figure 2.20 (a) Liquid projection of Al corner of the Al–Fe–Si phase diagram showing Al 
solidification path (Skjerpe, 1987); (b) Al corner of the calculated Al–Fe–Si phase diagram 
at the isotherm of 540˚C (Kuijpers et al., 2005). 
 
 
Figure 2.21 Phase maps of (a) Al-Fe-Si system (Langsrud, 1990) and (b) Al-Fe-Mn-Si 




R2: Liquid + Al8Fe2Si → Al + Al5FeSi (also denoted as the β phase); and/or 
R3: Liquid → Al + Si + Al5FeSi 
The α-AlFeSi is identified most commonly as αh-Al8Fe2Si (Munson, 1967), αc-
Al12Fe3Si2 (Mondolfo, 2013), αc-Al15Fe3Si2 (Crepeau, 1995) or generally α-AlFeSi 
(Liu and Dunlop, 1986). There is a contradiction about the structure of the α-phase. 
Skjerpe showed the α-phase is body-centred cubic and Cooper described it as 
Al19Fe4MnSi2, with the space group Im3, and a= 1.256nm (Stefaniay, Griger and 
Turmezey, 1987; Cooper, 1967). Kral demonstrated subsequently it to be 
Al19(FeMn)5Si2 with space group Im-3 and a=1.256nm (Kral, 2005; Kral, McIntyre 
and Smillie, 2004). However in some other work, the structure of the α-phase was 
reported as hexagonal which is denoted as αh (Mondolfo, 2013; Barlock and 
Mondolfo, 1975). The α-phase has a compact morphology such as Chinese-script 
structure (shown in Fig. 2.22a, c and d). 
The platelet β-AlFeSi is usually identified as β-Al5FeSi (Rivlin and Raynor, 1981), 
Al9Fe2Si2 (Ferdian et al., 2015) or generally β-AlFeSi (Rømming, Hansen and 
Gjønnes, 1994). There is also conflicting views on the structure of β-phase which is 
accepted to be monoclinic by many researchers (Mondolfo, 2013; Murali, Raman 
and Murthy, 1995). Murali and co-workers showed that β-Al5FeSi is monoclinic with 
lattice parameters of a=0.5792nm, b=1.227nm, c=4.313nm, and β=98.93˚ (Murali, 
Raman and Murthy, 1995). However, Carpenter claimed that β-phase was B-face 
centred orthorhombic with a=0.6184nm, b=0.6250nm, and c=2.069nm (Carpenter 
and Le Page, 1993). Zheng and co-workers observed that the β-phase was 
orthorhombic with a=0.618nm, b=0.620nm, and c=2.08nm (Zheng, Vincent and 
Steeds, 2000). Kral claimed the β-phase was consistent with tetragonal 
Al3(Fe,Mn)Si2 with space group I4mcm, a=0.607nm and c=0.950nm (Kral, McIntyre 
and Smillie, 2004). 
Among all these ternary Fe-IMCs, β-AlFeSi is thought to be the most detrimental to 
the properties of Al alloys, and significant efforts have been devoted to avoid the 
formation of β-AlFeSi. β-AlFeSi has undesirable platelet morphology as shown in 
Fig. 2.22b, e-f, is brittle in nature and generally act as a stress concentrator and point 




Figure 2.22 Micrographs showing (a) typical Chinese-script morphology of α-
Al15(FeMn)3Si2 phase (Lu and Dahle, 2005), (b) typical plate-like morphology of β-Al5FeSi 
(Lu and Dahle, 2005), (c) primary/eutectic structure of α-AlFeSi (outlined area), (d) 3D 
morphology of α-AlFeSi shown for three orientations from the corresponding area in (c) 
(Dinnis, Taylor and Dahle, 2005), (e) β-AlFeSi (outlined area), (f) 3D morphology of α-





Figure 2.23 (a) Projections of the Al–Fe–Mn–0.5Si phase diagram onto the Al–Mn–Fe plane 
and (b) Al corner of the Al-Fe-Mn-0.5Si phase diagram at the isothermal of 540˚C (Kuijpers 
et al., 2005). 
 
 
Figure 2.24 The Morphologies of α-AlFeMnSi: (a) polyhedral (Cao, Saunders and Campbell, 
2004) (b) cross-like (Cao, Saunders and Campbell, 2004), (c) dendritic (Gao et al., 2013; 
Orozco-González et al., 2011) and (d) Chinese-script (Tash et al., 2007; Narayanan, Samuel 




Figure 2.25 A summary of the morphologies of β- and α- Fe-IMCs when viewed in 2D 
sections from the longitudinal (plane view) and cross orientations (side view) (Shabestari et 
al., 2002).  
and slow cooling rate result in increasing the size of β- platelets (Tang and Sritharan, 
1998). 
The domination of β-AlFeSi platelet results in severe loss of strength and ductility in 
Al-Si cast alloys. It is noted that α- and β- Fe-IMCs may not exhibit the dendrite or 
platelet shape, respectively; and thus difficult to be identified by their morphology, 
especially when the alloys are at eutectic composition or are modified through Na or 
Sr additions (Fatahalla, Hafiz and Abdulkhalek, 1999). 
2.2.1.3 Quaternary Compounds 
As shown in Fig. 2.23, when Fe content in the Al-Si alloy system is above 0.15wt.%, 
plate-like β-Al5FeSi is likely to form. Mn is commonly introduced to the alloy 
system to supress the formation of β-Al5FeSi (Rana, Purohit and Das, 2012; Zhang et 
al., 2012). The equilibrium phase diagram in Fig. 2.23 shows the possible phase 
transformations to α-AlFeMnSi. In previous research, Mn was used as a positive 
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modifier to suppress the formation of the coarse primary β-phase and promote the 
formation of less harmful α-phase in Al alloys (Ji et al., 2013b; Tash et al., 2007; 
Shabestari and Shahri, 2004). The result achieved by Abedi and co-workers shows 
that the volume fraction of different kinds of frequently α-phase (polyhedral, star-like 
and Chinese script) in specimens with various Mn:Fe ratios (Abedi and Emamy, 
2010). α-AlFeMnSi was observed with different morphologies including polyhedral 
(Fig. 2.24a), cross-like (Fig. 2.24b), dendritic (Fig. 2.24c) and Chinese-script (Fig. 
2.24d). Shabestari proposed a 3D morphology of β-AlFeSi and α-AlFeMnSi (Fig. 
2.25) to explain differences observed in 2D observations (Shabestari et al., 2002), 
suggesting that sectioning orientation of a integrate Fe-IMC particle is the main 
cause for the morphology variation by 2D observation.  
 
Figure 2.26 (a) Transformation of β-Al5FeSi needles into π-Al8FeMg3Si6 Chinese script 
(marked A) in A319.1 alloy containing 0.5wt% Mg with the dash lie separating π-
Al8FeMg3Si6 and α-AlFeMnSi (marked B)(Samuel and Samuel, 1997); (b) the morphology 
of Sc_1 (Sc rich intermetallic compound) (Chanyathunyaroj et al., 2017). 
 
Mg, Sc and Cr are often introduced to Al cast alloys to improve the mechanical 
properties, which changes the nucleation and growth behaviour of α-AlFeMnSi in Al 
alloys (Patakham and Limmaneevichitr, 2014; Shabestari, Keshavarz and Hejazi, 
2009; Shabestari et al., 2002; Shabestari et al., 2002; Wang and Davidson, 2001; 
Samuel et al., 1998; Samuel and Samuel, 1997; Narayanan, Samuel and Gruzleski, 
1994). The Mg, Sc and Cr addition can result in the formation of π-Al8FeMg3Si6 (Fig. 
2.26a), a Sc-rich intermetallic compound (Fig. 2.26b) and α-Al(Fe,Mn,Cr)Si (almost 
identical morphology with α-AlFeMnSi), respectively. π-Al8FeMg3Si6 and Sc-rich 
35 
 
intermetallic compounds are equilibrium phases when there is minor amount of 
quaternary element (<0.5wt.%) in the alloy. Although, the increase in Mg is very 
likely to result in the formation of Mg2Si depending on the alloy system (Salleh, 
Omar and Syarif, 2015; Samuel et al., 1998). Cr is one of the Fe equivalent elements 
along with Mn (Kaye and Street, 2016; Cao and Campbell, 2000). Using the iron 
equivalent value (IEV) function (Kaye and Street, 2016): Fe + 2Mn + 3Cr (in wt.%), 
the amount of α- Fe-IMCs and the gravity segregation of primary α- Fe-IMCs can be 
estimated (Cao, Saunders and Campbell, 2004; Cao and Campbell, 2000). 
 
Figure 2.27 Micrograph of (a) β-Al5FeSi to π-Al8FeMg3Si6 transformation (Samuel et al., 
1998), (b) β-Al5FeSi to α-AlFeMnSi transformation (Kuijpers et al., 2003), (c) Al6(Fe,Mn) to 
α-AlFeMnSi eutectoid transformation (Alexander and Greer, 2002) and (d) Al6(Fe,Mn) to α-
AlFeMnSi peritectic transformation (Warmuzek, Rabczak and Sieniawski, 2005). 
2.2.2. Nucleation for Fe-rich Intermetallic Compounds. 
Nucleation of Fe-IMCs is reported on two types of substrates. One is the existing 
phases including α-Al (Puncreobutr et al., 2014) and Fe-IMCs (Kuijpers et al., 2003; 
Alexander and Greer, 2002; Samuel et al., 1998). The other is inclusions or in-situ 
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particles (Terzi et al., 2010; Miller, Lu and Dahle, 2006; Cao and Campbell, 2003; 
Allen et al., 1999; Allen et al., 1998; Narayanan, Samuel and Gruzleski, 1994). As 
shown in Fig. 2.27, Commonly observed Fe-IMC to Fe-IMC transformations are 
summarized as follow: β-Al5FeSi → π-Al8FeMg3Si6 (Samuel et al., 1998), β-Al5FeSi 
→ α-AlFeMnSi (Kuijpers et al., 2003) and Al6(Fe,Mn) → α-AlFeMnSi (Warmuzek, 
Rabczak and Sieniawski, 2005; Alexander and Greer, 2002). Recently, X-ray based 
techniques are used to investigate Fe-IMCs including nucleation mechanism and 
morphology evolution (Puncreobutr et al., 2014; Terzi et al., 2010). As shown in Fig. 
2.28, with the exception of self-nucleation (on existing Fe-IMCs) the β-Al5FeSi was 
observed to initiate on the α-Al dendrite by Puncreobutr (Puncreobutr et al., 2014). 
 
Figure 2.28 Quantified β-intermetallic compound nucleation rates, as classified by the four 
types of nucleation sites. Insets “I–IV” illustrate intermetallic compounds that were 
nucleated on the surface oxide, on/near the α-Al dendrites, on existing intermetallic 
compounds (self-nucleation) and on the oxide skin of pores, respectively. Note that each 
intermetallic compound is rendered as it first appeared in the specimen (Puncreobutr et al., 
2014). 
The inclusion particles, such as oxides (Puncreobutr et al., 2014; Miller, Lu and 
Dahle, 2006; Cao and Campbell, 2003) and TiB2 (Khalifa et al., 2005; Allen et al., 
1999; Allen et al., 1998), are reported to encourage the nucleation of Fe-IMCs. To 
enhance a heterogeneous nucleation event, the substrate is required to be wetted and 
potent (good misfit/ lattice mismatching). The crystal structure of some aluminium or 
magnesium oxides is described in Table 2.2. Some oxides including MgO, γ-Al2O3 
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and MgAl2O4 have a relatively small lattice misfit with α-AlFeMnSi and easily can 
form and wet in Al alloys. Observation and analysis of the crack-like defects (Fig. 
2.29a, c and d) within these Fe-IMCs was confirmed. This shows that physical  






Figure 2.29 Micrographs showing (a) oxide double-film within the primary α-AlFeMnSi 
(Cao and Campbell, 2003), (b) crack penetrate through eutectic α-AlFeMnSi/α-Al (Cao and 
Campbell, 2003), (c) crack penetrate through primary β-Al5FeSi (Miller, Lu and Dahle, 2006) 
and (d) oxide layer within β-Al5FeSi  inserted with EDS peaks of oxygen corresponding to 
dark arrowed region (Miller, Lu and Dahle, 2006). 
 
association of the Fe-IMCs with these solid oxides (Fig. 2.29b) that either formed in-
situ or added is in accordance with the mechanism that Fe-IMCs nucleate upon the 
wetted sides of double oxide films (Miller, Lu and Dahle, 2006; Cao and Campbell, 
2003). In Kalifa’s study, a series of ceramic particles with good lattice mismatching 
with α-AlFeMnSi was introduced into Al-Fe-Si alloys (Khalifa et al., 2005) which 
shows that increased cooling rate can generally facilitates the nucleation of Fe-IMCs 
on the surface of different inclusions and inclusions are more likely to be located 
next to the Fe-IMCs when there is a good lattice matching.Allen et al. reported 
(Allen et al., 1999) that minor vanadium (≥500ppm) addition and/or Al-Ti-B grain 
refiner (≥800ppm) addition can significantly change the solidification behaviour of 
binary Al-Fe IMCs and enhance the nucleation of metastable AlmFe without 
changing alloy composition or casting approach. Khalifa (Khalifa et al., 2005) also 
reported the nucleation enhancement of Fe-IMCs by synthetic TiB2 particle addition. 
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The nature of TiB2 particles under different processes is summarized below. There 
are two common methods used to produce in- situ TiB2, which are salts reaction 
(K2TiF6 + KBF4) (Han, Liu and Bian, 2002; Wood, Davies and Kellie, 1993) and  
 
Figure 2.30 Liquid projection of in aluminium corner of Al-Ti-B ternary phase diagram. 
Largest arrows indicate directions of decreasing temperature. Al corner is in exaggerated 
form for clarity (Zupanič, Spaić and Križman, 1998b). 
 
 
Figure 2.31 Possible mechanisms form transformation of apparently pure AlB2 and TiB2 to 
mixed (Al,Ti)B2: (a) inter-diffusion of Al and Ti on cationic lattice sites in (Al,Ti)B2; (b) 
formation of equilibrium (Al,Ti)B2 and dissolution of apparently pure AlB2 and TiB2. 
(Zupanič, Spaić and Križman, 1998a) 
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reaction with molten master alloys (Al-Ti + Al-B) (Emamy, Mahta and Rasizadeh, 
2006; Tee, Lu and Lai, 1999). As shown in Fig. 2.30, the ternary phase diagram 
equilibrium phase diagram of Al-Ti-B is described by Zupanic (Zupanič, Spaić and 
Križman, 1998b). In this work, the latter approach was employed using a chemical 
composition on the boron rich side of stoichiometric TiB2 (i.e. with a Ti/B weight 
ratio < 2.2) to prevent the adsorption of free Ti atoms to TiB2. Regardless of the 
production method, although TiB2 is a thermodynamically stable phase there is a 
debate whether AlB2 and TiB2 exist as two separate phases or as a continuous solid 
solution, (Al,Ti)B2, when there is excess B (Fjellstedt, Jarfors and Svendsen, 1999; 
Zupanič, Spaić and Križman, 1998a; Arnberg, Backerud and Klang, 1982; Cornish, 
1975; Maxwell and Hellawell, 1975b; Backerud, 1971). Cornish and Backerud 
(Cornish, 1975; Backerud, 1971) have identified that Al and Ti atoms can replace 
each other to form (Al,Ti)B2. However, Maxwell and Zupanic (Zupanič, Spaić and 
Križman, 1998a) reported that the large particles and particles heat treated for a long 
time tend to forward to stoichiometric AlB2 and TiB2 composition. The possible 
transformation mechanism associated these compounds’ reaction is suggested by 
Zupanic as shown in Fig. 2.31. An update by Fan and co-workers suggested that 
alloying elements addition promotes thermodynamic stability of TiB2 in Al-Ti-Β-“X” 
system by affecting their activity coefficients (Fan, Yang and Zhang, 2005), which is 
adopted in this investigation to increase the stability of reaction product for Al-Ti-
B(Fe) master alloys. 
 
Figure 2.32 The porosity in cast Al-9Si cast alloy with and without 3.0wt% Cu as a function 
of Fe concentration (Dinnis, Taylor and Dahle, 2006). 
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2.2.3 Influence of Fe-IMCs on Mechanical Property of Al Alloys. 
It is inevitable that secondary Al alloys contain a considerable amount of Fe 
(Mondolfo, 2013). In casting alloys, a reasonable amount of Fe is added to prevent 
die soldering (Han and Viswanathan, 2003). However, Fe leads to shrinkage porosity 
(Taylor, 2012), ductility reduction (Ji et al., 2013b), scattered mechanical properties 
(Cao and Campbell, 2003) and potential fatigue life (Nyahumwa, Green and 
Campbell, 1998). 
Introduction of Fe is very effective at increasing the total porosity and shrinkage 
defects as suggested by Dinnis and co-workers (Dinnis, Taylor and Dahle, 2006) and 
Taylor (Taylor, 2012). As shown in Fig. 2.32, the Fe concentration leads to a 
cumulative increase in porosity level in cast alloys regardless of the presence of Cu. 
Mn alone in the absence of Fe does not appear to reduce these defects, even although 
the α-AlFeMnSi is still dominant. The addition of Mn to an alloy with a given 
amount of Fe can considerably reduce the porosity due to the transformation of β-
Al5FeSi to α-AlFeMnSi (Dinnis, Taylor and Dahle, 2005). 
 
Figure 2.33 Maximum ductility (best elongation-to-fracture) as a function of SDAS for 
various Fe contents (Taylor, 2012). 
 
As shown in Fig. 2.33, Fe induction and SDAS considerably decrease the elongation 
in a given Al alloy. The different points of fracture occur because of the combined 
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effects of several variables including casting defects (e.g. oxides and porosity), 
cooling rate (secondary dendrite arm spacing) and Fe content. In high pressure die 
casting, Fe content is reported to considerable reduce the ductility of Al-Mg-Si alloys 
(Ji et al., 2013b). Meanwhile, Mn appears to have little effect on the ductility of the 
alloys. 
The reliability issues caused by Fe content has also been reported in some research. 
Campbell and Nayahumwa reported that the defect created by Fe-IMCs can also 
cause fatigue and tensile test property scattering (Cao and Campbell, 2003; 
Nyahumwa, Green and Campbell, 1998). Fig. 2.34 shows that melt filtration can 
significantly increase the fatigue life of Al cast alloys. Similar to oxide defects, the 
cracking of Fe-IMCs is conventionally attributed to their brittle nature and coarse 
morphology. Even though, some compact Fe-IMCs can be strong, the cracks which 
are often observed travelling through the Fe-IMCs may actually be travelling along 
the non-bonded oxide interlayer.  
 
Figure 2.34 The fatigue lives for filtered and unfiltered cast Al alloy with and without 





In this chapter, previous experimental and theoretical investigations on nucleation, 
role of solute and crystal growth of facet phases have been reviewed in section 2.1 
and solidification behaviours of Fe-IMCs have been reviewed in section 2.2. This 
research is dedicated to gain further understanding on the solidification behaviour of 
Fe-IMC based on previous understanding of solidification in simpler systems. The 
nucleation and crystal growth will be the two fundamental objectives of this study. 
The theoretical research on nucleation has been continued for many years. The 
classic nucleation theory is the first theory that attempted to find what act as a 
nucleation substrate and how nucleation occurs (Turnbull, 1953). The classic 
nucleation theory is fundamentally correct but hard to apply in many cases as the 
parameters and interaction of particles around the nuclei are difficult to determine 
experimentally. For common casting processes, Cantor suggested that solidification 
always occurs with heterogeneous nucleation as it is not possible to remove all the 
impurities from the parent liquid (Cantor, 2003). TiB2 is considered to be the nuclei 
in Mg free alloys as the grain sizes of the alloys with and without TiB2 addition can 
differ greatly. A reasonable conclusion for this phenomenon is that the potency of the 
particles can be one of the critical factors to determine whether they can nucleate the 
solid. The substrate with smaller lattice misfit is considered to be more potent than 
the ones with a large misfit, which determines whether a substrate can act as 
heterogeneous nucleation site (Maxwell and Hellawell, 1975a). The misfit has been 
calculated in many ways: Turnbull and Vonnegut used the lattice parameters of both 
phases (Turnbull and Vonnegut, 1952) and Bramfitt used three random directions of 
two faces and the arithmetic mean value of the three pairs of different directions and 
taken the angles between each pair under consideration (Bramfitt, 1970). Fan and co-
workers considered only the close packed faces of the nucleation phase and potential 
nucleation substrates (Fan, 2013). However, using misfit as the only criterion to 
evaluate nucleation potency is still very confined at explaining the significant 
improvement on the grain refinement of α-Al by on the TiB2 particles with trace free 
Ti addition very well (Fan et al., 2015). One reasonable conclusion is that despite the 
good lattice matching between substrate and the nucleation phase, the elemental 
adsorption can significantly affect the heterogeneous nucleation event by reducing 
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nucleation barrier and/or decreasing lattice misfit (Fan, 2013). Furthermore, the 
efficiency has been considered as another determining factor for grain refinement. 
Larger nucleation substrate requires small undercooling for start of free growth 
(Greer et al., 2000). Consequently, a higher substrate number density should be able 
to contribute to a finer grain structure. 
Crystal growth is fundamentally a diffusion controlled process. The solute 
concentration and elemental diffusion is very crucial for crystal growth (Dantzig and 
Rappaz, 2009). The constitutional undercooling caused by solute segregation at the 
S/L interface is one of the dominant factors for the crystal growth. There have been 
different parameters to assess this, such as constitutional-supercooling parameter P 
(Tarshis, Walker and Rutter, 1971) and growth restriction factor Q (Johnsson, 1995). 
The evaluation growth restriction for multi-component system is simply adding the P 
or Q value for each element. For the crystals with great growth anisotropy the 
necessary growth driving force is dependent on growth direction (Dantzig and 
Rappaz, 2009). These phases are highly likely to exhibit faceted structure during 
their growth (Sunagawa, 1990), such as Si and Fe-IMCs. Faceted phase tends to 
grow along well-defined directions with the help from twins and/or screw 
dislocations. Therefore, the resultant eutectic structure is very complex and irregular, 
giving the rise to an irregular eutectic morphology.  
The nucleation models used for of pure elements can be used for the nucleation 
analysis for Fe-IMCs. Considering the complexity of Fe-IMC’s in terms of crystal 
structure and chemical components, the nucleation enhancement of Fe-IMC may not 
completely follow the principles nucleation based on pure metals. The adsorption 
mechanism proposed by Cantor (Cantor, 2003), Fan (Fan et al., 2015) and co-
workers provided a new insight into the heterogeneous nucleation of complex phases, 
such as intermetallics. It has been widely acknowledged that generally Fe-IMC has a 
unit cell of more than 100 atoms and strong anisotropy. The further theoretical 




Chapter 3 Experimental Procedure 
In this chapter, the casting methods and processing procedures used in this 
investigation will be described. In order to facilitate the metallurgical observation, a 
few sample preparation methods were employed in this study, and their processes 
will be illustrated. Characterization and quantification techniques used in the present 
study will also be introduced in this chapter. 
3.1 Material Preparation 
The Al alloys investigated in the present study are Al-Fe-Mn alloys and Al-Si-Fe-Mn 
alloys and super ductile Al-Mg-Si-Fe-Mn alloy (Ji et al., 2012). For the purpose of 
investigating the solidification of Fe-IMCs, the alloys are chosen because of their 
sufficient amount of Fe and Mn content and previous research (Ji et al., 2012). 
Various concentrations of Mg and Si are introduced to study their effect on the 
solidification behaviour of Fe-IMCs. The intention of choosing each alloy 
composition point will be further explained in each chapter. These specific alloys 
were made from commercially pure Al (Norton Aluminium Ltd, Staffordshire, UK) 
and commercially pure Mg (Magnesium Elektron Ltd, Manchester, UK) and master 
alloys from other sources. The compositions of commercially pure metals used in 
this study are shown in Table 3.1. The as-received compositions of the commercial 
master alloys are shown in Table 3.2.  




 Al Mg Si Fe Mn Cu Zn Ti Others 
Pure Al 99.85 0.003 0.04 0.08 0.0008 0.0069 0.0018 0.0055 <0.001 
Pure Mg 0.04 99.99 0.013 0.002 0.02 0.001 - - <0.001 
 
For the preparation of nominal Al-1.2Fe-0.7Mn-xMg, Al-2Si-1.2Fe-0.7Mn-yMg and 
Al-5Mg-2Si-1.2Fe-0.7Mn alloys, the electric resistance furnace (Carbolite, Hope, 
46 
 
UK), was used for melting and cooling if not specified. Pure Al was molton at 750˚C 
and master alloys were added one by one before at least 1 hour of holding. Pure Mg 
was added 30 minutes before casting to reduce the oxidation. Composition 
measurement of these alloys was performed by Foundry-Master Pro (Oxford 
Instruments) as shown in Fig. 3.1a. For chemical composition analysis, a cast sample 
with minimum surface size 20 cm
2
 was produced by pouring stirred melt into a steel  




Al B Mg Si Fe Mn Cu Ti 
Al-50Si Bal. - <0.02 50 0.6 0.12 0.03 0.02 
Al-20Mn Bal. - 0.01 0.09 0.27 18.2 0.02 0.02 
Al-38Fe Bal. - <0.02 0.05 38 <0.02 <0.02 <0.02 
Al-5B Bal. 5.44 - 0.09 0.17 <0.02 <0.02 <0.02 
Al-10Ti Bal. - 0.01 0.11 0.29 - - 9.3 
 
 
Figure 3.1 Photos of (a) floor standing metal analyser Foundry-Master Pro, Oxford 




mould (shown in Fig. 3.1b). Before running the composition analysis, the cast 
sample was ground with SiC 800 grit paper to produce a flat surface and dried in an 
air stream after washing with ethanol. The chemical compositions of the alloys 
acquired by this method will be presented Table 3.3. 
The preparation of Al-5Ti-2.5B(Fe) (nominal) master alloy was conducted at 900˚C 
in an electric resistance furnace. For producing 1kg of Al-5Ti-2.5B(Fe) master alloy, 
firstly 500g Al-10Ti master alloy and 40g pure Al was heated to 900˚C followed by 
the addition of 460g of Al-5.44B master alloy once the alloy was molten. The melt 
was then held at 900˚C for 8 hours, and the sludge was removed from the top of the  
Table 3.3 Chemical composition of the alloys characterized with Foundry Master 
using composition test sample. 
Alloys Elements (wt.%) 
Al Mg Si Fe Mn Others 
Al-5Mg-2Si-1.2Fe-0.7Mn   Bal. 5.26±0.42 2.14±0.23 1.22±0.08 0.71±0.05 ≤0.1 
Al-1.2Fe-0.7Mn-xMg   Bal. 0.003 0.04±0.01 1.26±0.02 0.73±0.03 ≤0.17 
Bal. 1.31±0.02 0.03±0.01 1.25±0.05 0.67±0.01 ≤0.12 
Bal. 3.22±0.05 0.04±0.01 1.23±0.12 0.64±0.02 ≤0.17 
Bal. 6.07±0.13 0.04±0.01 1.18±0.03 0.67±0.12 ≤0.14 
Al-2Si-1.2Fe-0.7Mn-yMg     Bal. 0.01 2.19±0.08 1.20±0.04 0.66±0.02 ≤0.04 
Bal. 1.26±0.02 2.24±0.14 1.21±0.06 0.67±0.01 ≤0.02 
Bal. 3.05±0.20 2.22±0.09 1.25±0.06 0.65±0.02 ≤0.03 
Bal. 5.41±0.35 2.11±0.06 1.26±0.10 0.68±0.03 ≤0.14 
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melt before adding 13g Al-3.8Fe master alloy to the liquid melt. After a further 8 
hours of holding at 900˚C and mechanical stirring every hour, the melt was cast in 
60*60*200 mm steel mould with Ø10*200 mm cylinder mould cavity to allow a 
rapid cooling to achieve homogenised particle distribution. However, due to the 
sensitivity limit, Foundry-Master Pro was unable to characterize the final chemical 
composition of Al-5Ti-2.5B(0.5Fe) master alloy. 
3.2 Casting Procedures 
In this section, the casting procedures for the investigation are described. The TP-1 
mould was adopted to investigate the effect of solute concentration and casting 
temperature at a cooling rate of 3.5K/s. Various casting approaches such as, Cu 
wedge mould casting, cooling in furnace (CF) and melt quenching with water (MQ), 
were used to understand the solidification path and the effect of cooling rate on the 
solidification behaviour of Fe-IMC in various alloys. 
3.2.1 TP-1 Standard Casting 
In order to achieve a consistent and moderate cooling rate for the experiments, TP-1 
standard mould was used (Aluminium Association, 1987). The mould wall was 
cooled in water bath with a constant flow rate of 3.9 litres per minute (Fig. 3.2a),  
 
Figure 3.2 Schematic illustration of (a) TP-1 casting (Aluminium Association, 1987), (b) 






providing a constant 3.5K/s cooling rate at the cross section 38 mm from the bottom 
of the TP-1 sample (Aluminium Association, 1987). Metallography observation of 
TP-1 sample was taken place on the cross section 38 mm from the bottom and the 
vertical section from the centre of the sample if specified (Fig. 3.2b). For the 
investigation of the effect of casting temperature on the formation of α-AlFeMnSi at 
a cooling rate of 3.5K/s, an experiment with multi-temperature casting was employed. 
The processing route shown in Fig. 3.3 illustrates two processing stages: cooling in 
air and TP-1 casting. The air cooling started from 750˚C and finished at TP-1 casting 
temperature. Designated TP-1 casting temperature ranged from 50˚C above primary 
phase formation temperature to eutectic temperature according to the alloy phase 
diagram, are 720, 700, 680, 670, 660, 650, 640, 630, 620ºC. 
 
Figure 3.3 The processing route of TP-1 casting experiment at various casting temperature 
which ranges from 620˚C to 680˚C. 
3.2.2 Furnace Cooling 
Furnace cooling (CF) was conducted simply by placing melt in a preheated furnace 
at a given temperature depending on the alloy, and allowed to solidify while it was in 
the cooling furnace. Although the heat release rate of the furnace is dependent on the 
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620˚C was 0.02±0.005K/s (sensitivity limit of the K-type thermocouples). It should 
be noted that when temperature difference between furnace and environment become 
small the cooling rate will decrease along with the rate of heat release. Given that the 
solidification of the target alloy finishes at around 580˚C, the cooling rate variation 
was considered negligible for the CF sample analysis. 
3.2.3 Cu Wedge Mould 
As shown in Fig. 3.4, the Cu wedge mould was used to study the effect of cooling 
rate on the morphology of α-AlFeMnSi due to the cooling rate range that it is 
available with a wedge mould (Kotadia, 2010; Pryds and Huang, 2000). The cooling 
rate was determined using an empirical relationship between the cooling rate (?̇? K/s) 
and half thickness of mould wall (Z mm). This relationship is proposed by Pryds and 
co-workers (Pryds and Huang, 2000):  
?̇? =  
926 (𝐾•𝑚𝑚2/𝑠)
𝑍1.8
                                            (3.1) 
 
Figure 3.4 Schematic illustration of the Cu wedge mould showing mould cavity, half 
thickness of mould wall (𝑍) and mould dimensions.  



























The relationship between the half thickness of mould cavity and height was 
calculated with the measured thickness/height ratio. Basing on this equation, the 
cooling rate at 10 mm, 40 mm, 70 mm and 100 mm from tip of the mould are 
approximately 871K/s,72K/s, 26.2K/s and 13.8K/s, respectively. These cooling rates 
have been experimentally measured by placing thermocouples at the thin areas of 
wedge mould, which show comparable result. 
3.2.4 Steel Mould Melt Quench 
Water quench is commonly used to obtain a constant high cooling rate due to the 
high heat capacity of water (4.184 J/g•K) and good  thermal conductivity of steel 
(32.6 W/(m∙K) at 1000K). The steel mould melt quench (MQ) was employed here to 
achieve freezing which means a cooling rate surge during solidification when the 
melt was transferred to water bath. Thus, the solidification sequence can be 
investigated through microstructure observation. This method was also used with the 
assistance of a thin wall steel mould (Fig. 3.5) to study the nucleation behaviour at a 




Figure 3.5 Photo of steel mould coated to boron nitride used for melt quench (MQ) and 




The steel mould is used for the melt quenching experiment and cooling curve 
measurement (see section 3.4.7). For melt quenching experiment, the processing 
route is relatively simple. The melt is held in a graphite crucible at 750˚C and then 
divided into several the steel moulds (Fig. 3.5) that is preheated to 750˚C in an 
electric resistance furnace. The steel mould will be placed back in the furnace for 
slow cooling and submerged in room temperature water for melt quenching when the 
selected quenching temperatures are reached. The temperatures selected are 620˚C, 
600˚C and 579˚C based on the phase transformation temperatures of the alloy system. 
Metallurgical observation was made at the cross section 10mm from the bottom of 
the steel mould. 
3.2.5 Quart Tube Melt Quench (TQ) 
This casting approach is designed to have a reliable the control of casting 
temperature.  Induction furnace (Meltech Ltd, Suffolk, UK) shown in Fig. 3.6, was 
employed for this experiment (MelTech, 2017), in order to obtain homogenised 
particle and temperature distributions during the solidification process as well as a  
 
Figure 3.6 Photos showing (a) MelTech induction furnace which is currently in working 
position, (b) Ø8mm translucent quartz tube, (c) Ø40mm resistant heater and (d) water 
quenched sample with a diameter of Ø6 mm by quartz tube. 
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sustained cooling rate which is measured to be 0.15±0.02K/s. A quartz tube with 
5±0.5mm inner diameter and 8±0.5mm outer diameter was used in this experiment 
for transferring the melt from crucible in induction furnace to water. The 
measurement of the cooling rate of water was not straight forward due to the 
variation in sample diameters. However, because of the cross-section (Ø5±0.5mm) of 
the quenched sample, the entire sample was considered to be solidified immediately 
once submerged in water. 
The processing route of this casting approach includes two stages: cooling in 
induction furnace and melt quenching, labelled as Stage 1 and Stage 2 in Fig 3.7, 
respectively. A mass of 2kg of Al-5Mg-2Si-1.2Fe-0.7Mn alloy was molten in 
induction furnace (see Fig. 3.6a) after 15 minutes of heating, and holding at 750ºC 
for 5 minutes (lower power output) until the temperature stabilised. Melt temperature 
was then decreased by reducing the power output of the induction furnace. During 
this stage the melt temperature was monitored with K-type thermocouples which  
 
Figure 3.7 Schematic illustration of processing route of quart tube water quench experiment 






































showed a cooling rate of 0.2K/s. The quartz tube (Fig. 3.6b), connected to a syringe 
and preheated to 750ºC with an electric resistance heater (shown in Fig 3.6c), was 
used for transferring melt from crucible to water bucket. In Stage 2, a small amount 
of melt (4-7g) was draw with the preheated quartz tube from crucible and then the 
withdrawn melt was dropped into water with drawn melt. Thus, Ø5mm quenched rod 
samples (see Fig. 3.6d) were produced. Designated melting quenching temperatures 
ranging from 20K above primary phase formation temperature to the eutectic 
temperature according to the phase diagram of Al-5Mg-2Si-1.2Fe-0.7Mn alloy, were 
675, 670, 665, 660, 655, 650, 645, 640, 635, 630, 625 and 620ºC. Due to the very 
fine morphology of quenched liquid, it can be easily distinguished from slowly  
Table 3.4 The metallographic sample preparation route I for hard materials. 








1 CarbiMet P320 SiC 25 N Until 
Flat 
300 50 > > 
2 CarbiMet P800 SiC 25 N 3:00 150 50 > < 
3 CarbiMet P2500 
SiC 
25 N 3:00 150 50 > < 
4 CarbiMet P4000 
SiC 
25 N 2:00 150 50 > < 
5 MD-Mol 0.04μm 
SiO2 OP-
S 
25 N 5:00 150 50 > < 
* All consumables are provided by Buehler, Coventry, U.K., except OP-S which is 




cooled liquid. The solidification behaviour of the phases formed in temperature range 
of 680ºC to 620ºC, which in this alloy is primary α-AlFeMnSi, should exhibit a much 
coarser morphology. 
3.3 Sample Preparation 
3.3.1 Grinding and Polishing 
The preparation route I was used for metallographic preparation of hard materials, 
such as most of quinary Al-Mg-Si-Fe-Mn and quaternary Al-Mg-Fe-Mn alloy 
samples, the wedge samples (from Cu wedge mould) and water quenched samples. 
Metallography samples were collected from various areas of the as-cast ingot 
depending on the observation needs. They were sectioned off from as-cast sample 
with AbrasiMet™ 250 (Buehler, Coventry, UK) from as-cast ingot, and it was then 
mounted with CitoPress mounting press (Struers Ltd., Catcliffe Rotherham, UK) into  
Table 3.5 The metallographic sample preparation route II for soft materials. 








1 CarbiMet P320 SiC 25 N Until 
Flat 










15 N 5:00 150 50 > > 
4 MD-Mol 0.04μm SiO2 
OP-S 
15 N 12:00 150 50 > < 
* All consumables are provided by Buehler, Coventry, U.K., except OP-S which is 
from Struers Ltd., Catcliffe Rotherham, U.K. 
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Ø30mm by 15±10mm cylindrical sample using Bakelite resin (MetPrep, Coventry, 
UK). The samples were then ready for grinding and polishing, and the preparation 
route is illustrated in Table 3.4. 
Preparation route II was used for metallographic preparation of relatively soft 
materials, such as CF quinary Al-Mg-Si-Fe-Mn alloys, CF quaternary Al-Mg-Fe-Mn 
alloys, quaternary Al-Si-Fe-Mn alloys, ternary Al-Fe-Mn alloys and DSC samples. 
The cutting method and mounting method were identical to preparation route I. 
However, this route has different grinding and polishing procedures as shown in 
Table 3.5. 
3.3.2 Anodising  
Anodising was used to obtain coloured image for grain size analysis and grain 
boundary observation. As-cast samples prepared with standard mechanical polishing 
procedures was etched in Barker’s reagent (5ml HBF4 (48%) + 200ml water 
(Vander-Voort, 2015)) for 90-120 seconds under a constant voltage of 20V at room 
temperature (Weidmann and Guesnier, 2016; Cerri and Evangelista, 1999), where the 
etching current pass through sample which is dependent on surface area of the 
sample. Schematic illustration of anodising station is shown in Fig. 3.8. 
 
Figure 3.8 Schematic illustration of constant voltage Al alloy anodising station that with a 
sample in electrolyte solution. 
 








3.3.3 Electropolishing for EBSD Samples 
An Electropolishing station was set up as illustrated in Fig 3.9. The DC power 
supply worked as a constant voltage and stable current source providing 12V during 
the electropolishing. The current through the sample is dependent on specific 
specimen and surface area exposed to the solution. For Al-5Mg-2Si-1.2Fe-0.7Mn 
alloy, the current was stable at 0.8A when surface area is around 2.28cm
2
. 
Electropolishing was done with a constantly stirred the 20% HNO3 ethanol based 
solution at 243K for 20 seconds, followed by rinsing in pure ethanol and drying in a 
warm air stream. Due to the unstable nature of the electrolyte for this process, the 
risk assessment of the electropolishing procedure including electrolyte preparation 
and disposal was conducted. The solution was maintained under -10ºC and disposed 
after being neutralised with Sodium carbonate. 
 




Fe-IMCs, exhibiting faceted morphology, are strongly anisotropic along different 
crystal orientations, which makes it difficult to describe its morphology through 2D 
observation. Therefore, the 3 dimensional morphologies of Fe-IMCs were revealed 
Magnetic Rotor Plate 
Liquid 
Nitrogen 










via deep-etching (DE). As can be seen from the schematic illustration in Fig. 3.10a, 
sample was firstly submerged in 15% HCl aqueous solution in a thoroughly cleaned 
beaker and then after a sufficient amount of time Fe-IMC will be exposed due to the 
lower chemical affinity of Fe-IMC to HCl compared with Al. The sample was then 
carefully taken out from the solution and cleaned with ethanol before drying in hot 
air stream. 
For the extraction of Fe-IMC particle, the same mechanism as for the separation of 
Al and Fe-IMC was used, as shown in Fig. 3.10b. After an adequate amount of 
reaction time, a small amount of HCl aqueous solution at the bottom of the beaker 
containing separated Fe-IMC particles were taken out and poured onto filter paper 
and washed in an ethanol bath. Once the particles were clean, they were transferred 
to a hot plate for drying to prevent any oxidization. 
/ 
Figure 3.10 Schematic illustration of deep-etching procedure (a) for deep-etching and (b) 
extraction of Fe-IMC particles. 
 
3.3.5 TEM Specimen Preparation  
The specimen were ground to 40-60μm in thickness with P4000 SiC paper after 
cutting into round Ø3mm thin disc with disc punch. Then the TEM disc sample was 
further thinned using Ion thinning method on Precision Ion Polishing System (PIPS) 
model 691 (Gatan, Inc., Pleasanton, CA, US) at 5keV double ion beam at 5˚ incident 




(b) Separate from solution;  




(a) DE sample 
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incident angle under the same voltage. Thus, the sample is sufficiently thin for TEM 
characterization. 
3.4 Characterisation 
3.4.1 Optical Microscopy 
The optical microscope (OM) shown in Fig. 3.11a for microstructural observation 
and quantitative metallography is a Zeiss Optical Axio Microscope A1 (ZEISS 
Group., Oberkochen, Germany) equipped with Zeiss AxioCam ICc3 digital camera 
(ZEISS Inc, 2017). Polarized light images are widely used for Al grain size 
measurement as the grains in different crystal orientation will reflect light to different 
directions resulting in grains with different colours when reflected light passes 
through objective lenses (Vander-Voort, 2015; Smallman, 1985). Thus, the grain size 
measurement was performed on polarized micrographs and analysed with 
AxioVision 4.8 (ZEISS Inc, 2017). Metallographic sections for optical microscopy 
and scanning electron microscopy were prepared using metallographic procedures 
described in section 3.3.1 and 3.3.2. 
3.4.2 Scanning Electron Microscopy 
Scanning electron microscopy (SEM) was carried out using a Zeiss Supra 35 
microscope (see Fig. 3.11b) (ZEISS Group., Oberkochen, Germany) equipped with 
an EDAX energy Dispersive X-Ray Spectroscopy (EDS) and EDAX Electron 
Backscattered Diffraction (EBSD) detectors (Fig. 3.11c), operated at an accelerating 
voltages ranging from 5 or 20kV. Several different signals are produced due to the 
interaction between the beam and the sample. These signals provide the user with 
detailed information on the differences among the average atomic number the 
various phases within the sample, structure and elemental content (Goodhew, 
Humphreys and Beanland, 2000). The SEM used in this study imaging modes 




3.4.3 Electron Backscattered Diffraction  
The as-cast samples were prepared using metallographic procedures described in 
section 3.31 before electro-polishing at 12V for 20s as described in section 3.3.3. 
EBSD analysis was performed on the Zeiss Supra 35VP fitted with high sensitivity 
DigiView camera (EDAX Inc., NJ, U.S.) as shown in Fig. 3.11c with EDAX TEAM 
4.3 system (EDAX, 2017). Both EDAX TEAM 4.3 and OIM 7.3 were used for 
EBSD data analysis. For the EBSD acquisition in this study, the accelerating voltage, 
working distance and condenser aperture used were 20kV, 10mm and 120μm, 
respectively, in high current mode. The step size was between 0.2μm and 1μm 
depending on the size of the area analysed. 
Crystallographic data for Kikuchi pattern indexing was from the Inorganic Crystal 
Structure Database (ICSD) and are listed in following chapters. The Kikuchi pattern 
of α-AlFeMnSi indexing was performed manually in EDAX TEAM 4.3 (EDAX, 
2017), as the low confident index (CI) value caused by very close asymmetric double 
bands in the Kikuchi pattern of α-AlFeMnSi from its pseudo-symmetry (Hwang, 
Doty and Kaufman, 2008). 
3.4.4 Transmission Electron Microscopy  
A JEOL 2100 field emission gun transmission electron microscope (FEG TEM), as 
shown in Fig 3.11d, was used for the characterization at an accelerating voltage of 
200 kV. A double tilt sample (JEOL Ltd., Tokyo, Japan) was used in this TEM for 
the acquisition of bright field (BF) images, selected area electron diffraction (SAED) 
patterns, high resolution (HR) images and TEM/EDS spot analyses. 
Titan ChemiSTEM, a new design of spherical aberration corrected microscope  
which is fitted with FEI’s ultra-high brightness field emission gun (X-FEG) which 
provides probe size of less than 0.1nm and optimised for atomic resolution chemical 
analysis using four energy dispersive X-ray spectroscopy (HR-EDS) detector 
incorporated into the pole piece of the objective lens, was employed for atomic 
resolution observation (The University of Manchester, 2016). High-angle annular 
dark-field imaging (HADDF) and HR-EDS mapping were performed the on TiB2 
and Fe-IMC interface at a voltage of 200kV. Dr Yun Wang, a senior research fellow 
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at Brunel University London, is greatly acknowledged for the operation and his 
guidance with this device.  
Experimentally obtained SAED patterns were measured with GMS 3 (Gatan, Inc., 
Pleasanton, CA, U.S.). The SAED patterns were indexed with crystallographic data 
reported in Inorganic Crystal Structure Database (ICSD) by Royal Society of 
Chemistry (RSC). 
3.4.5 X-ray Diffraction  
Crystallographic characterization of intermetallic compounds was performed with 
Bruker D8 Advance X-ray diffraction (XRD) diffractometers (Fig. 3.11f). XRD 
analysis was performed on 2-5g extracted intermetallic compounds to get diffraction 
peaks. The acquisition time, step size, and the 2θ angle range for powder diffraction 
pattern were chosen as 1s, 0.02˚ and 20-100˚, respectively. 
3.4.6 Differential Scanning Calorimetry  
In this investigation, the differential scanning calorimetry (DSC) was performed with 
on a Netzsch STA 409 PC Luxx (Fig. 3.11f) to characterise the phase transformation 
temperature using TP-1 sample prepared at various casting temperatures. The 
specimens with a mass ranging from 8mg to 194mg were taken from the centre of the 
cross-section 38mm from the bottom of TP-1 samples (Fig. 3.2b) for DSC analysis. 
The program parameters were set as: heating: 10K/min to 750˚C; isothermal: 10 
minutes at 750˚C; cooling: 0.6K/min, 3K/min, 6K/min, or 10K/min to room 
temperature. Each test was recycled for 3 times for a more reliable result. 
3.4.7 Cooling Curve Measurement 
For the ceramic mould (CM) cooling curve measurement, the alloy was molten at 
750˚C in a graphite crucible and poured into a cylindrical ceramic mould that was 
preheated to 410˚C. The cylindrical ceramic mould was covered with 13mm thermal 
isolation, and the whole cooling curve measurement equipment was surrounded with 
N17 isolation boards so that the effect of environment changes can be minimized. 
The temperature was measured with two sets of exposed wire thermocouples and the 
data was recorded with NI SCC-68 at a frequency of 100Hz and analysed with 
62 
 
Measurement & Automation Explorer (National Instruments). The thermocouple 1 
was located at the centre of the ceramic crucible 40mm away from the bottom and  
 
Figure 3.11 Images of facilities used in this study: (a) Zeiss Optical Axio Microscope A1 
equipped with AxioCam ICc 3 camera; (b) Zeiss Supra 35VP field emission gun Scanning 
Electron Microscope; (c) EDAX TSL EBSD camera; (d) Transmission electron microscope 
type JEOL 2100; (e) Bruker D8 Advance X-Ray Diffraction equipment; (f) DSC type 




Figure 3.12 Schematic illustration of cooling curve measurement equipment.  
 
thermocouple 2 was about 15mm away from thermocouple 1. A schematic 
illustration of the setup is shown in Fig. 3.12. 
For the melt quench (MQ) cooling curve measurement, the alloy was molten and 
hold at 750˚C before pouring into the steel mould. The thermal couples fixed on an 
isolation board was inserted into the centre of the melt (about 15mm from bottom) 
once the melt was poured into the steel crucible (Fig. 3.5). The crucible was dipped 
in water at two temperatures, 720˚or 680˚C, monitored with identical recording 
parameters as the ceramic mould (CM) cooling curve measurement. 
3.5. Quantification 
3.5.1 Grain Size Measurement 
The grain size of α-Al grain by TP-1 casting was determined on polarized light 
image by Carl Zeiss AxioScope A1 of anodized samples taken from the standard 
observation area (Fig. 3.2b). The quantification was performed according to ASTM 
E112 standard test procedures using general intercept procedures:  






                                                 (3.2) 
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where 𝑙 ̅is the mean intercept length, G is the grain boundary intersection count and 
LT is the total length of the test line. Grain boundary intersection count (GBIC) 
method (Fig. 3.13), that the number of times one test line cuts across, or is tangent to, 
grain boundaries (triple point intersections are considered as 1.5 intersections), was 
used in this research to determine the G value. At least 20 interception lines covering 
50% of grains in metallurgical observation area of TP-1 sample were examined for 
each data point. 
 
Figure 3.13 Illustration of grain boundary intersection count (GBIC) measurement. 
 
3.5.2 Secondary Dendrite Arm Spacing Measurement 
Secondary dendrite arm spacing (SDAS) measurement was conducted on polarized 
OM images from anodized TP-1 sample using linear intercept method via 
AxioVision software (Vandersluis and Ravindran, 2017). A example is demonstrated 
in Fig 3.14, which uses the following equation for SDAS (λ2) calculation: 
λ2
i
 = L/(n-1)                                                  (3.3) 
where L is the length of interception line and n is the number of secondary arms 
counted along on side of the primary arm; thus, the mean λ2 can be acquired using the 
individual SDAS (λ2
i
). At least 100 sets of λ2
i
 values were obtained for each data 
point. Since L is specifically measured on the counted dendrite arms, dendrite 
asymmetry does not influence this method. Therefore, the side of primary arms 





Figure 3.14 Demonstration of linear intercept method for SDAS measurement. 
 
 
Figure 3.15 Illustration of liner intercept method for minimum eutectic lamellar spacing (λa) 
and maximum eutectic lamellar spacing (λM) measurement. 
3.5.3 Eutectic Lamellar Spacing Measurement 




 = L/(n-1)                                              (3.4) 
The λEU can then be acquired by calculating the mean value of all induvial lamellar 
eutectic lamellar spacing (λEU
i
). At least 120 sets of λEU
i
 values were measured for 
each data point. An illustration of the measurement is shown in Fig. 3.15 showing 
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the difference between the minimum eutectic lamellar spacing (λa) and the maximum 
eutectic lamellar spacing (λM). 
3.5.4 Particle Size Measurement  
The particle size of both primary and eutectic Fe-IMCs were obtained by measuring 
the diameter of individual Fe-IMC. As shown in Fig. 3.16, the individual particle 
size was acquired by simply measuring the maximum diameter since the maximum 
diameter of Fe-IMC is commonly described as Fe-IMC particle size in literatures 
(Terzi et al., 2010; Dinnis, Taylor and Dahle, 2005). At least 200 primary/eutectic 
Fe-IMC particles were processed for each sample. 
 
Figure 3.16 Illustration of the particle size measurement of Fe-IMCs by AxioVision. 
 
3.5.5 Volume Fraction Measurement 
The volume fraction measurement of Fe-IMCs was conducted on backscattered 
electron SEM images. ImageJ was used to classify the grey contrast of Fe-IMC 
particle and other phases so that the area fraction of grey contrast of Fe-IMC gives 
the area fraction of Fe-IMC in the image. With the random distribution of the 
phases/particles, the area fraction is equal to the volume fraction in 3D (Underwood, 





Chapter 4 Solidification of Fe-rich Intermetallic 
Compounds in Al-5Mg-2Si-1.2Fe-0.7Mn Alloy 
The objective of this chapter is to investigate the solidification behaviour of Fe-IMCs 
in Al-5Mg-2Si-1.2Fe-0.7Mn alloy along with the effect of cooling rates and casting 
temperatures. In this study various casting methods was used, such as TP-1, Cu 
wedge mould, cooling in furnace (CF), cooling in air (CA) etc. This study includes 
results from thermodynamic calculations, cooling curve measurement, optical 
microscopy, scanning electron microscopy, transmission electron microscopy, X-Ray 
diffractometer and differential scanning calorimetry. The solidification sequence of 
this alloy, formation temperatures of Fe-IMCs, effect of cooling rate and casting 
temperature on different Fe-IMCs are discussed. 
4.1 Solidification Behaviour 
4.1.1 Phase Diagram Calculation 
CALculation of PHAse Diagram (CALPHAD) method was applied here to predict 
the equilibrium phase diagram and phase fraction of Al-5Mg-2Si-1.2Fe-0.7Mn alloy 
with solidification under Scheil rule. The cross section of calculated equilibrium 
phase diagram of Al-5Mg-2Si-0.7Mn-xFe is predicted with Pandat
TM
 8.2 
(CompuTherm LLC) using PanAl2013 database and presented in Fig. 4.1. When Fe 
concentration in the alloy is at 1.2wt.% and solidified under equilibrium condition, 
the solidification of the primary α-AlFeMnSi commences at liquidus temperature of 
670.4˚C, and then followed by the formation of eutectic α-AlFeMnSi/α-Al at 
620.5˚C and Mg2Si/α-Al/Al13Fe4 at 584.2˚C. After that, small amount of Al13Fe4 and 
Al6(Fe,Mn) forms. The solidification of current alloys is expected to occur under 
non-equilibrium condition during casting due to the difference in kinetics, which will 
be discussed later in this chapter. During the calculation, impurity elements such as 
Ti and Cu were not considered as the concentration sum of these elements is low 





Figure 4.1 Cross section of equilibrium phase diagram of Al-5Mg-2Si-0.7Mn-xFe using 
Pandat
TM 
8.2. Dash line marks Fe composition at 1.2 wt.% 
 
 
Figure 4.2 The liquid fraction of Al-5Mg-2Si-1.2Fe-0.7Mn alloy as a function of 
temperature during solidification calculated with Pandat
TM
 8.2 under Scheil rule. 
The phase volume fractions of Al-5Mg-2Si-1.2Fe-0.7Mn alloy as a function of 
temperature during solidification is shown in Fig. 4.2. The solidification temperature 
of binary eutectic α-AlFeMnSi/α-Al is not consistent and decrease as solidification 
continues. Meanwhile, the solidification temperature of the following ternary eutectic 
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Mg2Si/α-Al/Fe-IMC is consistent as the solidification continues. The calculated 
volume fraction of each phase in non-equilibrium conditions is shown in Table 4.1. 
When the solidification process finished, the solid consists of 89.6% of α-Al, 3.49% 
of α-AlFeMnSi, 3.9% of Mg2Si, 0.9% of Al13Fe4 and 0.38% of Al8Fe2Si by volume. 
More specifically, the volume fractions of the primary and eutectic α-AlFeMnSi are 
2.7% and 0.79% of, respectively. 




No. Transformation Temperature 
(°C)    
Volume fraction  
1 L → α-AlFeMnSi  670.4  α-AlFeMnSi: 2.7vol.% 
2 L → α-Al + α-AlFeMnSi  620.5 α-AlFeMnSi: 0.39vol.%; 
α-Al: 14.7% 
3 L → α-Al + α-AlFeMnSi + 
Al13Fe4 
615.7 α-AlFeMnSi: 0.4vol.%; 
α-Al: 38.4vol.%; 
Al13Fe4: 0.8vol.%. 
4 L → α-Al + Al8Fe2Si  591.2 α-Al: 5.5vol.%; 
Al8Fe2Si: 0.15vol.% 
5 L → α-Al +  Mg2Si + Al8Fe2Si 
+ Al13Fe4 






4.1.2.1 Primary α-AlFeMnSi 
The microstructure of Al-5Mg-2Si-1.2Fe-0.7Mn alloy achieved with TP-1 casting 
650˚C is shown in Fig. 4.3a. The primary α-AlFeMnSi generally exhibits polyhedral 
morphology located in the centre of a eutectic α-AlFeMnSi/α-Al grain. 3D 
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morphology of primary α-AlFeMnSi is revealed by deep-etching (Fig. 4.3a) showing 
dominantly rhombic dodecahedron morphology, indicating strong anisotropy of 
primary α-AlFeMnSi particle. However, the presence of the particles of these 
morphologies is closely dependent on casting conditions despite CALPHD prediction 
that α-AlFeMnSi is a thermodynamically stable phase in Al-5Mg-2Si-1.2Fe-0.7Mn.  
 
Figure 4.3 SEM micrographs (a) Al-5Mg-2Si-1.2Fe-0.7Mn alloy by TP-1 casting inserted 
with 3D morphology of primary α-AlFeMnSi and (b) cooling in furnace, showing the 
primary α-AlFeMnSi, Al6(Fe,Mn), eutectic α-AlFeMnSi, α-Al and eutectic Mg2Si. The phase 




Figure 4.4 Optical micrographs showing (a – c) the morphology of primary α-AlFeMnSi; (d) 
the EDS results taken from several primary particles (attached table showing the average 
chemical composition). Arrows marked as 1 and 2 indicates the primary and secondary 
branches, respectively. 
 
Further, as shown win Fig 4.3b, in furnace cooling condition the primary α-
AlFeMnSi maintains the polyhedral morphology but coarser than that of TP-1 
casting. There are some variations in the morphology of the primary Fe-IMC phase 
in TP-1 samples, as shown in Fig. 4.4. The primary Fe-IMCs have coarse star-like 
(Fig. 4.4a), hollowed polyhedral (Fig. 4.4b, c) and compact polyhedral morphologies 
(Fig. 4.4d). Despite the variation in morphology, these α-AlFeMnSi particles show 
almost identical chemical composition (Al12(Fe,Mn)3Si) with SEM/EDS analysis. 
This suggests that the morphology variation is due to random sectioning orientation. 
For instance, the compact polyhedral morphology of α-AlFeMnSi may be caused by 
random sectioning of the complex particles or a specific orientation sectioning of the 
developing particles. Further, the morphology variation reveals that the growth of 
primary α-AlFeMnSi has number of stages: initiation (Fig. 4.4a), hollowed 
polyhedron (Fig. 4.4b and Fig. 4.4c) and compact polyhedron (Fig. 4.3a). During the 
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initial stage of the growth of primary α-AlFeMnSi, there are] a few symmetrical 
hillocks on the particle (indicated with arrows marked as “1” in Fig 4.4a). At the 
later growth stage, secondary growth orientation (see arrow “2” in Fig 4.4b) starts to 
develop as well as the primary growth orientation. In the end, when growth 
completed the hollows are filled during the isotropic growth, showing a compact 
polyhedral morphology. 
The growth of anisotropic primary α-AlFeMnSi was further investigated with Al-
6Si-5Fe-4Mn alloy due to the higher volume fraction of primary α-AlFeMnSi 
obtained in this alloy. As shown in Fig. 4.5, two typical types of polyhedral primary 
α-AlFeMnSi that was observed which share the similar morphological characteristics 
with primary α-AlFeMnSi in Al-5Mg-2Si-1.2Fe-0.7Mn. As shown in Fig 4.5a, the 
primary branches (indicated with solid arrows) have approximately 60˚ angle to each 
other, exhibiting a hexagonal morphology. Meanwhile, the primary branches in α-
AlFeMnSi particle shown in Fig. 4.5b has 90˚ angle to each other, resulting in a 
square morphology for the primary α-AlFeMnSi particle. The facet morphology are 
generally cause by growth anisotropy (Dantzig and Rappaz, 2009). Given the BCC 
structure of primary α-AlFeMnSi and some description on the growth of bulk 
primary α-AlFeMnSi  (Sunagawa, 1999 2009; Gao, 2013)., the preferred growth 
orientation of primary α-AlFeMnSi can be proposed basing on the observation of the 
OM images (Fig. 4.5).  
 
Figure 4.5 Morphologies of growing primary α-AlFeMnSi particles (a) on {111} plane and 
(b) on {001} plane before completing into compact polyhedral structure in Al-6Si-5Fe-4Mn 
alloy by TP-1 casting. The arrows indicate secondary arm orientations whose angles to the 




4.1.2.2 Eutectic α-AlFeMnSi  
The microstructure of Al-5Mg-2Si-1.2Fe-0.7Mn alloy shown in Fig. 4.3 and Fig. 4.7, 
has the binary eutectic α-AlFeMnSi/α-Al which exhibits Chinese-script morphology. 
This type of eutectic is often described as irregular or anomalous eutectic (Porter, 
Easterling and Sherif, 2009; Flemings, 1974). 3D morphology of the eutectic α-
AlFeMnSi was revealed by deep-etching, as shown in Fig. 4.6b and Fig. 4.6c. It 
isseen that the α-AlFeMnSi eutectic exhibits a branched structure where branch tips 
(region within solid-line circle in Fig. 4.6c) tend to be coarser compared with the 
branch joint (region within dash-line circle in Fig. 4.6c). Although the coarsening of 
α-AlFeMnSi branch tip is relatively more significant compared with the cases with 
Al-Al6Fe and Sn-Cu eutectic system (Allen et al., 1998; Elliott, 2013), the tip 
coarsening phenomenon has been addressed as common eutectic solidification 
behaviour in other alloy systems (Kurz and Fisher, 1986). As shown in Fig 4.3 and 
Fig. 4.7 there are physical connections between eutectic α-AlFeMnSi and primary α-
AlFeMnSi observed in microstructure; and these connections are mostly located at 
the corner/edge of the primary α-AlFeMnSi polyhedrons. The physical relationship 
between primary α-AlFeMnSi, eutectic α-AlFeMnSi and the surrounding α-Al has 
been revealed by polarized light using OM (Fig. 4.7), showing both primary and 
eutectic α-AlFeMnSi (dark areas) are contained within the same α-Al grain (area 
with the same colour) which also compresses a considerable volume of α-Al which 
does not have any typical eutectic structure. Furthermore, a large amount of α-Al is 
observed in microstructure without any α-AlFeMnSi or other Fe-IMCs. This gives an 
ideal of the severity of the drift in the α-AlFeMnSi/α-Al eutectic reaction from the 
couple growth regular eutectics and an insight of the solidification process of eutectic 
α-AlFeMnSi which will be discussed later. Given these points, the eutectic α-
AlFeMnSi/α-Al in Al-5Mg-2Si-1.2Fe-0.7Mn alloy can be described as divorced 
(irregular) eutectic. 
4.1.2.3 Eutectic Mg2Si 
Eutectic Mg2Si, as shown in Fig. 4.8, exhibits irregular eutectic morphology with 
very fine lamellar spacing (not quantified here), located between α-Al dendrite arms 
and α-Al grain boundaries. The composition of the Mg2Si phase was confirmed with 
EDS as shown in Table 4.2. There are two type of Mg2Si eutectic observed in the 
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microstructure of Al-5Mg-2Si-1.2Fe-0.7Mn by TP-1 casting. With the assistance of 
SEM/EDS mapping and microstructure observation, the first one have a binary 
Mg2Si/α-Al structure, whereas the other one appears to be ternary Mg2Si/α-Al/Fe-
IMC. Interestingly, the binary Mg2Si eutectic often contains a polyhedral Mg2Si core  
 
Figure 4.6 SEM micrographs showing the 3 dimensional (3D) morphologies of (a) primary 
α-AlFeMnSi, (b) primary α-AlFeMnSi and its attached eutectic α-AlFeMnSi, (c) eutectic α-
AlFeMnSi branches and (d) eutectic Mg2Si with a octahedral compact core, (e) Al6(Fe,Mn) 
rods and (f) transverse section of Al6(Fe,Mn)/α-AlFeMnSi duplex particle that were obtained 




Figure 4.7 OM polarized light image showing the microstructure of α-AlFeMnSi/α-Al 
eutectic grain in Αl-5Mg-2Si-1.2Fe-0.7Mn alloy etched Barker’s regent. The solid arrow 
indicates the primary α-AlFeMnSi whilst dash line arrow indicates the branch of eutectic α-
AlFeMnSi. 
 
Figure 4.8 SEM image showing the morphologies of few types of Mg2Si in Al-5Mg-2Si-
1.2Fe-0.7Mn alloy by TP-1 casting including polyhedral Mg2Si core, binary eutectic 
Mg2Si/α-Al eutectic and ternary eutectic Fe-IMC/Mg2Si/α-Al. 
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in the centre of the eutectic (Fig. 4.6 and Fig 4.8 indicated with solid arrow), which 
is normally identified as primary Mg2Si (Li, Liu and Wu, 2008; Ji et al., 2013a). This 
means that at the early stages of the formation of Mg2Si the local microsegregation 
of Mg and Si in the remaining liquid is adequate enough to exceed the eutectic point, 
13.9wt.% in Al-Mg2Si system.  
 
Figure 4.9 Micrographs of Al-5Mg-2Si-1.2Fe-0.7Mn alloy showing (a) the morphology of 
Al6(Fe,Mn) in TP-1 casting and (b) the morphology of Al6(Fe,Mn)/α-AlFeMnSi duplex 
particle in CF condition  (identified with SEM/EDS). 
 
4.1.2.4 Primary and Eutectic Al6(Fe,Mn)  
As shown in Fig. 4.9a, there are small amount of Al6(Fe,Mn) clusters, confirmed 
with SEM/EDS, were observed in the microstructure of Al-5Mg-2Si-1.2Fe-0.7Mn 
alloy in TP-1 castings. It exhibits a hollowed parallelogrammatic morphology in 2D 
observation; and the 3D structure has been revealed in Fig. 4.6e showing a rod-like 
morphology. However, unlike the single phase Al6(Fe,Mn) particle in TP-1 condition, 
the Al6(Fe,Mn) exists in a form of Al6(Fe,Mn)/α-AlFeMnSi duplex particles (Fig. 
4.9b) in CF condition (0.02K/s). All such particles have a transition region which 
consists of α-Al regions and α-AlFeMnSi network between the coarse and compact 
Al6(Fe,Mn) and α-AlFeMnSi branches. 3D observation, shown in Fig. 4.6f, illustrate 
that the Al6(Fe,Mn) has branched columnar morphology with faceted surface and the 
transition region observed combined with α-AlFeMnSi branches.    
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4.1.3. Solidification Sequence 
In this section, the phase transformation during solidification of the alloys is 
characterized with DSC and cooling curve measurements  are presented. The two 
methods provided the direct observation of the phase transformation temperature and 
nucleation temperature of Al-5Mg-2Si-1.2Fe-0.7Mn alloy at various cooling rate. 
The difference between simulated ideal solidification and experimental solidification 
will be discussed. 
4.1.3.1 DSC Curves 
The samples for DSC measurement were taken from the centre of TP-1 sample cast 
at 650˚C. There was a sufficient amount of primary α-AlFeMnSi (3.1% according to 
quantification shown later) before DSC characterization that was confirmed with OM. 
As shown in Fig. 4.10, three heat flow peaks have been detected commencing at 
639.0±3.4˚C, 619.5±2.1˚C and 586.0±1.7˚C, respectively, indicating the starting 
temperature of the phase transformations. However, there are a few minor 
turbulences at 614.0-610.0˚C, 608.0-605.5˚C and 590.0-586.5˚C on the cooling 
curves. These turbulences are most likely associated with experimental noises instead 
of phase transformation. Finding the liquidus temperature for a multi-component 
alloy system has always been difficult using DSC as the melting in the multi-
component alloy system is a highly reversible transformation. Nonetheless, in this 
experiment the actual liquidus has been considered as the end point of the heat flow 
difference, which in this sample was 665.0˚C. 
4.1.3.2 Cooling Curves  
The cooling curve measurement was carried out with liquid metal in two containers 
which are ceramic mould wrapped with thermal wools and steel mould for melt 
quench with water (see section 3.4.7). Thermal data were monitored with two 
thermocouples located at the centre (T1) and 8mm from T1 horizontally (T2), 
respectively. As shown in Fig. 4.11, the cooling curves and their first derivatives 
recorded by two thermocouples during the solidification of Al-5Mg-2Si-1.2Fe-
0.7Mn alloy in ceramic mould are almost overlapped. Thus, these results are reliable. 
The cooling curve and its first derivative of T2 was shifted 30s to the right along the 




Figure 4.10 DSC analyses showing the heating and cooling curves as a function of 
temperature of large mass cylindrical sample (180±20mg) taken from Al-5Mg-2Si-1.2Fe-
0.7Mn alloy cast withTP-1 at 650˚C; calculated first derivative of DSC heating and cooling 
curves as a function of temperature. Solid arrows indicate the three major heat flow changing 
points are at 639.0±3.4˚C, 619.5±2.1˚C and 586.0±1.7˚C, respectively. 
 
with lower amount of latent heat released, cooling curve was also measured at a 
higher cooling rate experiment. As shown in Fig. 4.12, two cooling curves were 
measured from water quench experiments and their first derivatives show that the 
heat releasing temperatures of the system are very similar. Hence these two sets of 
cooling curves are considered to be reliable. The recalescence and growth 
temperatures for binary eutectic transformation for T1 are indicated with arrows and 
marked as TR and TG, respectively. The first and second major eutectic 
transformation points are indicated by arrows and marked on the derivative curve of 
T1 as TEu1 and TEu2, respectively. For ceramic mould cooling curve measurement 
(0.18±0.01K/s), the data measured is selected from 680˚C where the system is 
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isothermal. Before solidification starts, the melt cooling rate stabilized at around 
0.18±0.01K/s (First derivative in Fig. 4.11). 
 
Figure 4.11 Two sets of measured cooling curves and its first derivatives of Al-5Mg-2Si-
1.2Fe-0.7Mn alloy cast at 730˚C into a ceramic crucible covered with 13mm thermal 
insulation. T1 is right in the centre of the mould, both horizontally and vertically. T2 is 
vertically in the centre of the mould, horizontally 8mm away from the centre. The 
recalescence and growth temperatures for binary eutectic transformation for T1 are indicated 
with arrows and marked as TR and TG, respectively. The first and second major eutectic 
transformation points are indicated by arrows and marked on the derivative curve of T1 as 
TEu1 and TEu2, respectively. 
There is no recalesence observed until 620.4±0.2˚C. Two major growth temperatures 
(TG), which can be considered as the subtraction of a small growth undercooling 
from the phase transformation temperature, are 620.4±0.2˚C and 594.0±0.1˚C, 
respectively. Since the growth undercooling (∆TG) is relatively small for phase 
transformations, it can be considered that the growth temperature is approximately 
equals to the equilibrium phase formation temperature. The maximum nucleation 
undercooling (∆TM) during solidification is defined to be the temperature difference 
between growth temperature (TG) and recalescence starting temperature (TR). As 
shown in Fig. 4.11, the transformation temperature ranges of the binary and ternary 




As shown with CALPHAD approach prediction (see Table 4.1 in section 4.1.1), 
ideally large volume fraction (60.34%) of solid should solidify continuously within 
the temperature range 620.5˚C to 584.2˚C, and 35.23% of solid should be solidifies 
below  
 
Figure 4.12 Two sets of measured cooling curves and their first derivatives for Al-5Mg-2Si-
1.2Fe-0.7Mn alloy quenched into water from 680±3˚C in the steel mould by water. TQ 
indicates the quenching temperature. On Quench A derivative curve t1, t2, t3 and t4 points 
where the cooling rate increased, represent the first, the second, the third and the fourth 
phase transformation points, respectively. 
 
584.2˚C till the end of the solidification. The 620.5˚C is considered as binary eutectic 
(α-AlFeMnSi/α-Al) formation temperature. Although calculated ternary eutectic 
(Mg2Si/α-Al/Fe-IMC) transformation temperature is 584.0˚C, the measured ternary 
eutectic transformation temperature appears to be 594.0±0.1˚C from the experimental 
cooling curve. When the alloy system is complex, actual solidification process may 
deviate significantly from the CALPHAD approach prediction due to the complexity 
in atomic interaction when the system is complex and the non-equilibrium 
solidification condition. 
For steel mould cooling curve measurement (45±15K/s), the alloy was molten at 
750˚C and held for an hour before pouring into an ø40x50mm steel mould (Fig. 3.5). 
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Two thermocouples were inserted into the melt once melt was transferred into the 
steel mould (see section 3.4.7). Prior to quenching, the cooling rate shown in Fig. 
4.12 stabilized at around 0.15K/s. However, the recalescence temperature was unable 
to be identified as the system heat releasing was significantly larger than the latent 
heat releasing from the melt. Therefore, the first derivatives increasing points of the 
cooling curves, which can be considered as recalescence starting points, are marked 
in Fig 4.12 as t1, t2, t3 and t4, are 624.1±2.2˚C, 618.9±0.6˚C, 614.7±2.1˚C and 
585.7±2.3˚C, respectively. The maximum nucleation undercooling ∆TN for binary 
eutectic transformation in steel mould experiment (45±15K/s) is hard to describe 
using the principle for determining TG and TR with previous case, as the heat 
extraction is too rapid for recalescence. Thus, the ∆TN for primary transformation and 
eutectic transformations cannot be concluded from the experimental result as the 
recalescence for these two transformations was not observed owing to the large 
transformation temperature range for primary α-AlFeMnSi (50K), α-AlFeMnSi 
eutectic (35K) and Mg2Si eutectic (40K) as suggested by equilibrium phase diagram 
(Table 4.1). 
4.2 Phase Identification 
For any new alloy system and casting conditions, it is crucial to confirm the 
thermodynamically predicted phases with experimental analyses. For this purposes, 
two casting methods, TP-1 and CF, were adopted for microstructure observation and 
phase identification. Characterization techniques, including OM, SEM and TEM, 
were used for microstructure observation. Chemical composition and crystal 
structure of the phases were determined with SEM/EDS, XRD and SAED. The 
average compositions and their error associate for existing phases in Al-5Mg-2Si-
1.2Fe-0.7Mn alloy are shown in Table 4.2. EDS analysis is considered reliable as the 
chemical compositions remained within errors. The morphologies of solidified 
phases were presented in section 4.1.2. Generally any identical phase should have the 
same chemical composition and growth habit; hence in this study, the phases are 
classified using chemical compositions and observed morphologies. 
Polyhedral/Chinese-script Fe-IMCs, hollowed-rod/skeleton-like Fe-IMCs, star-like 
Fe-IMC and the lamellar irregular eutectic, have the stoichiometry of  
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Table 4.2 Chemical composition of the major phases in Al-5Mg-2Si-1.2Fe-0.7Mn 
alloy at two cooling rate, 3.5K/s (TP-1) and 0.02K/s (CF). 
Sample Phase 
Morphology 
Elements (at.%) Stoichiometry 
Al Mg Fe Mn Si  
TP-1 
Polyhedral Bal. - 10.2±1.0 7.1±0.7 6.0±0.8 Al12(Fe,Mn)3Si 
Chinese-
Script 
Bal. - 10.8±1.7 5.5±2.2 5.8±1.0 Al12(Fe,Mn)3Si 
Hallowed 
Rod 
Bal. - 9.4±0.4 4.6±0.3 - Al6(Fe,Mn) 
Skeleton Bal. - 10.6±2.4 4.7±2.1 - Al6(Fe,Mn) 
Star-like Bal. - 16.4±1.4 5.6±0.7 2.0±0.4 Al38(Fe,Mn)11Si 
Lamellar 
Eutectic 
- 66.6±3 - - 33.4±3 Mg2Si 
Matrix Bal. 3.6±0.6 - - - - 
CF 
Polyhedral Bal. - 10.7±1.1 7.5±0.8 5.8±0.9 Al12(Fe,Mn)3Si 
Chinese 
-Script 
Bal. - 11.6±1.3 6.0±1.4 5.9±1.5 Al12(Fe,Mn)3Si 
Hallowed 
Rod 
Bal. - 9.3±0.3 5.0±1.0 - Al6(Fe,Mn) 
Lamellar 
Eutectic 
- 63.3±5 - - 36.7±4.1 Mg2Si 












Si and Mg2Si, respectively. However, the 
skeleton-like Fe-IMC and star-like Fe-IMC were not observed in the sample by CF 
conditions as neither microstructure observation nor EDS analysis can detect the 
existence these two phases. EDS spectrum from α-Al in TP-1 shows that there is 
about 3.3at.% of Mg in the solid solution distributed uniformly in the matrix. 
Interestingly, there was a macro segregation of Mg in CF samples where the Mg 
concentration was around 4.4at.% at the bottom of the sample where the primary α-
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AlFeMnSi sediment locate and 3.0at.% in other areas where Al6(Fe,Mn)/α-AlFeMnSi 
duplex particle exists.  
4.2.1 Chemical Composition  
α-AlFeMnSi particles have a very similar stoichiometry to that of Al12(Fe,Mn)3Si, 
but there were some compositional variations with different casting conditions. The 
average composition and the composition fluctuation are sown in Table 4.2. As 
shown in Fig. 4.13, the concentrations of Fe in primary and eutectic α-AlFeMnSi are 
higher at a cooling rate of 0.02K/s compared with 3.5K/s, by 0.5at.% and 0.8at.%, 
respectively. Same applies to Mn concentration in primary and eutectic α-AlFeMnSi 
which are both higher at a cooling rate of 0.02K/s compared with 3.5K/s by 0.4at.% 
and 0.7at.%, respectively. In addition, there is generally more Fe in eutectic particles, 
but the Mn content in eutectic particles was up to 2.2at.% less than the primary 
particles. In the meantime, Si concentration and (Fe+Mn)/Si ratio showed little 
change when cooling rate changes at 5.8at.% and 2.9at.%, respectively. 
 
Figure 4.13 Comparison of the chemical composition variation of primary and eutectic α-









SEM/EDS mapping was performed to understand the distribution of elements areas 
containing Fe-IMCs including eutectic α-AlFeMnSi, eutectic Mg2Si//α-Al/Fe-IMC 
and Al6(Fe,Mn) particles. For α-AlFeMnSi/α-Al eutectic, the elemental distribution 
of Mg, Si and Fe around eutectic α-AlFeMnSi area is shown in Fig 4.14. It is seen 
that the distribution of Si and Fe are consistent on all the α-AlFeMnSi branches. 
Additionally, Mg is adequately contained in α-Al matrix and Mg2Si phase but barely 
detected on α-AlFeMnSi branches.  
 
Figure 4.14 SEM micrograph showing (a) the morphology of binary eutectic α-AlFeMnSi/α-
Al grain in Al-5Mg-2Si-1.2Fe-0.7Mn alloy; SEM/EDS mapping showing the elemental 
distribution of (b) Mg, (c) Si and (d) Fe corresponding to (a). Fe distribution in (d) is 
coherent with the morphology of the grey phase in (a). The quantitative chemical 






Figure 4.15 SEM micrographs showing the morphology of (a) binary Mg2Si/α-Al eutectic 
and (inserted with SEM/EDS spectrum on the core area of Mg2Si) (b) ternary Mg2Si/α-
Al/Al6(Fe,Mn) eutectic (Mg2Si in dark grey, Al in light grey and α-AlFeMnSi in white); 
SEM/EDS mapping showing the elemental distributions of (c) Mg, (e) Si and (g) Al in 
binary Mg2Si/α-Al eutectic, and (d) Mg, (f) Si and (h) Fe in ternary Mg2Si/α-Al/Fe-IMC 
eutectic corresponding to (a) The quantitative chemical composition of Mg2Si will be 




Figure 4.16 SEM micrographs showing (a) the morphology of Al6(Fe,Mn) particle, (b) the 
morphology of duplex Al6(Fe,Mn)/α-AlFeMnSi particle, (b) Fe distribution corresponding to 
(a), (d) Fe distribution corresponding to (b), (e) Si distribution corresponding to (a) and (f) Si 
distribution corresponding to (b). Transition area is indicated with solid arrow in (b). The 
quantitative chemical composition of duplex particle will be presented in Table 4.3. 
 
As described previously there are two types of Mg2Si which are Mg2Si/α-Al eutectic 
with a compact core and ternary Mg2Si/α-Al/Fe-IMC eutectic, which are 
characterised by SEM/EDS point analysis as shown in Table 4.2. Their elemental 
distributions are characterized and shown in Fig 4.15. The Mg and Si distribution 
have been consistent with dark areas in morphology image (Fig. 4.15a and Fig. 
4.15b). As shown in Fig. 4.15g, Al was minimal in the polyhedral core area of 
eutectic Mg2Si and Fe content was not detected in this eutectic region. Moreover, as 
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shown in Fig. 4.15h, Fe distribution in ternary Mg2Si eutectic region and did not 
overlap with Si or Mg, indicating a concentration of Al and Fe elements on Fe-IMC 
between eutectic α-Al and Mg2Si lamellae.  
The Al6(Fe,Mn) particles, as demonstrated previously in section 4.1.2, occurs in 
different forms including Al6(Fe,Mn) particles and branched Al6(Fe,Mn)/α-
AlFeMnSi duplex particles. As shown in Fig. 4.16, their elemental distribution maps 
indicate the regions and the interfaces of Al6(Fe,Mn) and α-AlFeMnSi on this two 
types of Al6(Fe,Mn). Fig. 4.16c and Fig. 4.16e show that the distributions of Fe and 
Si were completely independent and no Si was found in Al6(Fe,Mn) phase. As shown 
in Fig. 4.16d and Fig. 4.16f, the distributions of Fe and Si overlap on branches and 
transition regions, but Si is not detected in the parallelogram particle within the 
transition regions. Meanwhile, in the transition region of the duplex particle, the 
spots in the gap of α-AlFeMnSi network were confirmed to be Al, Mg rich. The 
SEM/EDS point analysis performed on both branch area and transition region shows 
a stoichiometry of Al12(Fe,Mn)3Si. 
4.2.2 Crystal Structure 
TEM SAED and XRD were used to identify the crystal structure of α-AlFeMnSi in 
TP-1 and CF for Al-5Mg-2Si-1.2Fe-0.7Mn alloy. The bright field images of primary 
(Fig. 4.17a) and eutectic (Fig. 4.17b) Fe-IMC and SAED patterns of primary (Fig. 
4.17c) and eutectic (Fig. 4.17d) Fe-IMC were obtained from Al-5Mg-2Si-1.2Fe-
0.7Mn alloy using TEM. Both polyhedral and Chinese-script Al12(Fe,Mn)3Si have 
lattice parameters consistent with a body-centred cubic, space group Im-3 and lattice 
parameter of 1.256nm (see Fig. 4.18) α-AlFeMnSi phase identified by Cooper 
(Cooper, 1967). The α-AlFeMnSi in CF condition usually shows a coarse polyhedral 
morphology (Fig. 4.3b) and settles at the bottom of sample along with the attached 
Chinese-script α-AlFeMnSi (Fig. 4.3b). For its crystallographic characterization, a 
slice of material (3mm thickness) was taken from the bottom of CF sample for Fe-
IMC particle extraction using methodology introduced in section 3.3.4. Once the Fe-
IMCs extracted from the material, the Fe-IMC particle powder (average particles size 
of 251.3±75.3μm) was characterized with XRD. As shown in Table 4.4, the 




Figure 4.17 TEM bright field images showing the morphology of (a) polyhedral and tip of 
(b) Chinese-script Fe-IMC when the incident electron beam is parallel to [11-1] and [001], 
respectively; Selected Area Electron Diffraction (SAED) pattern taken from the blue circled 
area in (c) polyhedral Fe-IMC and (d) Chinese-script Fe-IMC. The schematic illustrations of 
diffraction pattern indexing are shown next to the SAED patterns respectively.  
 
 
Figure 4.18 Comparison of experimental XRD result of exacted α-AlFeMnSi particles and 

















α-AlFeMnSi (ICSD 655126) 
Mg2Si (ICSD 192556)  
FCC-Al (ICSD 43423)  
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information of BCC α-Al19Fe4MnSi2 (Cooper, 1967), No.655126 in Inorganic Crystal 
Structure Database (ICSD).  
Thus, we can conclude that the polyhedral and Chinese-script Fe-IMC in Al-5Mg-
2Si-1.2Fe-0.7Mn alloy both share BCC, space group Im-3, a=1.256nm crystal 
structure with a stoichiometry of Al12(Fe,Mn)3Si.  This phase is designated in present 
study as α-AlFeMnSi. 
4.3 Effect of the Casting Temperature and the Cooling Rate 
on Phase Formation and Microstructure 
These experiments look at the role of casting temperature or cooling rate on the 
microstructural revolution to understand the solidification behaviour of α-AlFeMnSi 
in Al-5Mg-2Si-1.2Fe-0.7Mn alloy. The thermocouple monitoring during experiments 
have suggested that the cooling rate during CF was 0.02K/s, CA was 0.8K/s and TP-
1 water bath was (3.5K/s). Thus, in various casting temperature experiment, pouring 
the melt into TP-1 mould at different temperature is fundamentally equivalent to 
changing the cooling rate from 0.8K/s to 3.5K/s at different temperatures. The 
cooling rate experiment is focused on microstructure evolution and phase 
transformation at a constant cooling rate. This investigation has been focusing on the 
microstructure evolution when casting temperature varies (section 3.2.1). Finally, 
water quench experiment at various temperature is designed to observe the phase 
transformation of Al6(Fe,Mn)-to-α-AlFeMnSi (section 3.2.4). The relevant 
quantification results will be presented in this section. 
4.3.1 Casting Temperature  
Eight pouring temperatures to TP-1 mould was selected ranging from a maximum of 
50K superheat (liquidus at 670°C) to eutectic temperature, which are 720°C, 700°C, 
680°C, 670°C, 660°C, 650°C, 640°C, 630°C and 620°C. Before casting into TP-1 
mould, the melt is cooled in CA condition with gentle stirring until the pouring 
temperature is achieved. The microstructures of each sample are presented in Fig. 
4.19. When cast with 30K and 10K superheat (Fig. 4.19a and Fig. 4.19b), there is no 
primary (polyhedral) α-AlFeMnSi observed in microstructure, and Fe-IMCs exists 
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predominately eutectic α-AlFeMnSi (Chinese-script) located mainly between 
dendrite of primary α-Al grains. As the casting temperature decreases (Fig. 4.19c, 
Fig. 4.19d and Fig. 4.19e) a noticeable amount of primary α-AlFeMnSi particles 
which are commonly attached to the Chinese-script α-AlFeMnSi form. For those α-
AlFeMnSi grains contained within α-Al grains, meanwhile some eutectics sit at the 
inter-dendritic regions of primary α-Al grains. As shown in Fig. 4.19f, Fig. 4.19g 
and Fig. 4.19h, a sufficient amount of primary α-AlFeMnSi located in α-Al dendrites 
form when the casting temperatures further decreases (640°C or lower). Meanwhile, 
the branches of eutectic α-AlFeMnSi become much less leading to a smaller eutectic 
size in 2D observation. The location of the eutectic α-AlFeMnSi is mainly related to 
the position of primary α-AlFeMnSi as they commonly have a primary α-AlFeMnSi 
“core”. As shown in Fig. 4.19, the solidification of α-AlFeMnSi is significantly 
affected with changing the TP-1 casting temperature. The eutectic α-AlFeMnSi 
dominant microstructure evolved to a primary and eutectic α-AlFeMnSi mixed 
microstructure as temperature decreased. The micrographs at the same magnification 
were taken from similar regions for metallographic observation for the quantification 
of volume fraction and size distribution of α-AlFeMnSi. The volume fraction 
evolution of primary and eutectic α-AlFeMnSi (Fig. 4.20) shows three distinct 
regions where the volume fraction changes. During first stage the volume fraction of 
primary α-AlFeMnSi increased moderately from casting between 680˚C and 660˚C. 
The primary α-AlFeMnSi first emerged in the microstructure in sample cast at 680˚C 
casting sample with a volume fraction around 0.2±0.1vol.%, and increased slowly to 
0.5±0.2vol.% until casting at 660˚C. However, during the second stage volume 
fraction of primary α-AlFeMnSi increased rapidly to 3.2±0.3% when cast at 650˚C, 
and followed by a minor increase to 3.6±0.5±% until casting at 630˚C. 
During the last stage, the volume fraction of primary α-AlFeMnSi decreased rapidly 
to 0.66% when cast at the eutectic temperature, 620˚C. Meanwhile, the eutectic α-
AlFeMnSi was also affected by the casting temperatures. As shown in Fig. 4.20, the 
volume fraction of eutectic α-AlFeMnSi remained at 6.5±0.4vol.% at casting 
temperatures above 660˚C and decreased to 3.4±0.3vol.% when casting at 650˚C 
which is followed by a considerable decrease to 3.1±0.3vol% at 620˚C. The overall 




Figure 4.19 Optical microscopy images showing the microstructure evolution of Al-5Mg-
2Si-1.2Fe-0.7Mn alloy at various TP-1 pouring temperature: (a) 700°C, (b) 680°C, (c) 670°C, 
(d) 660°C, (e) 650°C, (f) 640°C, (g) 630°C and (h) 620°C. Observation was carried out from 




Figure 4.20 Volume fraction (Bars) and colony size (Markers) of primary α-AlFeMnSi (blue) 
and eutectic α-AlFeMnSi (red) in Al-5Mg-2Si-1.2Fe-0.7Mn by TP-1 casting as a function 
temperature. The bars with red dot filling and blue strap line filling represent volume fraction 
of eutectic and primary α-AlFeMnSi, respectively; Red line and blue line refers to the grain 
size of eutectic and primary α-AlFeMnSi, respectively. 
 
decreased sharply at 620˚C mainly due to the volume fraction decrease in the 
primary α-AlFeMnSi. Fig. 4.20 shows that the particle size of primary α-AlFeMnSi 
is also affected when casting temperature changes, and shows a moderately 
decreasing trend from 52.6±5.0μm to 35.0±9.6μm when pouring temperature 
decreased from 680˚C to 620˚C. In another word, the size of primary α-AlFeMnSi 
was not affected greatly by the volume fraction change. Meanwhile, the size of 
eutectic α-AlFeMnSi grain is obviously dependent on the casting temperature. It was 
approximately 165.1±24.4μm when there was no primary α-AlFeMnSi observed and 
then increased to approximately 175.5±32.5μm when a moderate amount of primary 
α-AlFeMnSi forms. A significant decrease in eutectic α-AlFeMnSi to 120.9±30μm 
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Figure 4.21 The size distribution of α-AlFeMnSi particles in TP-1 cast at 650˚C. The 
lognormal curves are fitted on the frequency bars. 
 
The particle size distribution of primary and eutectic α-AlFeMnSi was quantified to 
reveal the relationship between the two morphologies. The quantification was 
performed on the same micrographs used for volume fraction analysis. As shown in 
Fig. 4.21, in Al-5Mg-2Si-1.2Fe-0.7Mn alloy cast with TP-1 at 650˚C the mean 
primary α-AlFeMnSi particle size is about 35.0±9.6μm which nearly 4 times smaller 
than the eutectic colony size (120.9±30.8μm). The eutectic colonies were more 
frequent than primary α-AlFeMnSi. The 3D morphology of eutectic α-AlFeMnSi 
(Fig. 4.6c) allows one colony to look as two separate grains in 2D observation 
depending on the section plane, but this was not the case with for primary α-
AlFeMnSi due to the compact morphology (Fig. 4.6a). The α-AlFeMnSi colony size 
can be significantly reduced when the formation of primary α-AlFeMnSi is 
encouraged. 
4.3.2 Cooling Rate 
The Cu wedge mould schematically explained in section 3.2.3 is used here to get 
various cooling rates for the solidification process. The microstructure and Fe-IMC’s 
morphology in Cu wedge mould sample will be compared with TP-1 and CF samples 
with the same casting temperatures above liquidus (similar superheating). Three 
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casting superheats including 50K, 30K and 10K were used initially, but primary α-
AlFeMnSi particles were only observed in the sample superheated by 10K. The 
primary α-AlFeMnSi is supressed at all the cooling rates but the CF (0.02K/s) or CA 
(0.8K/s) when casting with 50K superheat or higher. Therefore, the microstructure of 
the 10K superheat samples was compared with the TP-1 and CF samples with the 
same superheat. As shown in Fig. 4.22, the dominant Fe-IMC are polyhedral 
(categorized as primary α-AlFeMnSi) and Chinese-script (categorized as eutectic α-
AlFeMnSi) Fe-IMCs regardless of the cooling rate, and minor amount of 
parallelogrammatic Al6(Fe,Mn) can be found with SEM/EDS at almost all the 
cooling rates, except for CF sample which has a significant amount of Al6(Fe,Mn) 
between α-Al grains and some primary α-AlFeMnSi segregated to the bottom of the 
crucible. In the Cu wedge mould, the impact of cooling rate can be dominantly 
reflected with the Al dendrite spacing and eutectic α-AlFeMnSi branch spacing. Fig. 
4.22 shows that the decrease in cooling rate leads to an appreciable increase in both 
the dendrite of α-Al and the colony size of α-AlFeMnSi. The primary α-AlFeMnSi is 
observed to be embedded within α-Al dendrites at all examined cooling rates but not 
in CF condition (0.02K/s) due to the extremely coarse morphology of α-Al and α-
AlFeMnSi. 
The quantification of α-AlFeMnSi at various cooling rates is performed by 
measuring the grain diameter using same optical micrographs used for the 
metallurgical observation. The average grain size of primary and eutectic α-
AlFeMnSi as a function of cooling rate is presented in Fig 4.23, showing the mean 
diameter of at least 50 grains for each point. The size of primary α-AlFeMnSi 
changes minimally and remains at around 24.5±1.1μm when the cooling rate is 
between 870K/s and 13.8K/s, which increased to 52.6±5.0μm when the cooling rate 
was 3.5K/s and followed by a significant increase to 251.3±75.3μm at 0.02K/s. The 
eutectic α-AlFeMnSi colony size change shows a slightly different trend from the 
primary α-AlFeMnSi; it increases gradually from 102.0±12.1μm at 870K/s to 
122.5±17.1μm, 125.4±20.5μm and 145.6±13.7μm at cooling rates of 71.8K/s, 26K/s 
and 13.8K/s, respectively. When the cooling rate was 3.5K/s, the size of eutectic α-
AlFeMnSi grains reached 213.7μm, and followed by a considerable increase to 
623.3±157μm at 0.02K/s. The area ratio (RA), for the amount of primary and eutectic 
α-AlFeMnSi grains, is calculated by dividing the total grain area of primary α-
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AlFeMnSi by total grain area of α-AlFeMnSi/α-Al eutectic. The area ratio was 
around 2.2±0.4% at 870K/s and 71.8K/s, which increased to 3.0±0.2% at 26.2K/s 
and followed by a rise to 3.8±0.4% at 13.8K/s. The area ratio in CF sample was not 
taken into calculation as there was a significant amount of Al6(Fe,Mn) that consumed 
Fe and Mn atoms that could be used for the formation of α-AlFeMnSi. 
 
Figure 4.22 Optical micrographs showing the microstructure of Al-5Mg-2Si-1.2Fe-0.7Mn at 
different height of Cu wedge mould (a) 10mm from tip, (b) 40mm from tip, (c) 70mm from 
tip and (d) 100mm from tip, (e) in TP-1 sample and (f) at the bottom of CF sample. All the 





Figure 4.23 Particle size of α-AlFeMnSi in Al-5Mg-2Si-1.2Fe-0.7Mn alloy at different 
cooling rate cast with 10K superheat. The data of six cooling rates from left of the figure to 
the right were collected from (1) CF sample (0.02K/s), (2) TP-1 sample (3.5K/s), wedge 
sample (3) 100mm to tip (13.8K/s), (4) 70mm to tip (26.2K/s), (5) 40mm to tip (71.8K/s) and 
(6) 10mm to tip (871.2K/s), respectively. The Area Ratio was calculated with measured the 





*100%. Number density of particles is denoted as ρ. 
 
Overall, the occurrence of primary α-AlFeMnSi is dependent on cooling rate and the 
casting temperature; the criteria for the promoting and suppressing the formation of 
primary α-AlFeMnSi is shown in Fig. 4.24. It shows that at cooling rates less than 
3.5K/s primary α-AlFeMnSi form at all temperatures and when cooling rate is higher 
than 3.5K/s the formation will be supressed when casting temperatures are above 
680˚C. 
4.3.3 Melt Quenching at Various Temperatures  
In this experiment (detailed description in section 3.2.4), CF samples along with its 
steel container (Fig. 3.5) were taken out from furnace and submerged in a water bath 
to quench the microstructure since the given temperature. The formation of 
Al6(Fe,Mn) is encouraged with CF in Al-5Mg-2Si-1.2Fe-0.7Mn, although 
Al6(Fe,Mn) is not thermodynamically stable in this system suing CALPHAD 
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approach (Fig. 4.1). The microstructure evolution for various quenching temperature 
is summarized in Fig. 4.25. The duplex particle has been characterized with 
SEM/EDS as shown Table 4.2 and Fig 4.16 suggesting the stoichiometry of 
Al6(Fe,Mn) and Al12(Fe,Mn)3Si for parallelogrammatic Fe-IMC and surrounding 
branched Fe-IMCs, respectively. 
 
 
Figure 4.24 Variation of the casting temperature for the occurrence of primary α-AlFeMnSi 
(marked in blue circle) as a function of cooling rates. The conditions for supressing primary 
α-AlFeMnSi are marked with black crosses which are separated by the blue line from the 
formation conditions. The cooling rates from left to right of the x-axis are from DSC sample, 
CA sample, TP-1 casting and wedge mould casting, respectively. 
 
The morphology evolution of CF sample at different quenching temperature is 
summarized in Table 4.3. The phase transformation temperature is determined by 
microstructure observation that if a phase transformation occurred before quenching 
then it will show a coarse morphology (Fig. 4.25d). Otherwise, it shows a very fine 
morphology (indicated with solid arrows in Fig. 4.25b and c). For instance, the 
Al6(Fe,Mn), exhibiting a parallelogrammatic morphology, at the centre of the 
Al6(Fe,Mn) colony is considered form before quenching at 620˚C and the fine 
Al6(Fe,Mn) branches are considered solidify after 620˚C. The partially coarsened 
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Mg2Si/α-Al eutectic in 600˚C quenched sample suggests that the Al6(Fe,Mn)-to-α-
AlFeMnSi transformation has already started when Mg2Si forms. Hence, phase 
transformations in Al-5Mg-2Si-1.2Fe-0.7Mn alloy are consistent with the prediction 
in section 4.1.1 that L, L + primary α-AlFeMnSi, L + primary α-AlFeMnSi + eutectic 
α-AlFeMnSi and L + primary α-AlFeMnSi + eutectic α-AlFeMnSi + Mg2Si are 
quenched from the designated temperatures, 700˚C, 620˚C, 600˚C and 579˚C, 
respectively. 
 
Figure 4.25 OM images showing the microstructure of Al-5Mg-2Si-1.2Fe-0.7Mn alloy 
water quenched by steel mould at (a) 700˚C, (b) 620˚C, (c) 600˚C and (d) 579˚C. Quenched 
melt is marked by solid arrow, and (a) is fully quenched. Al6(Fe,Mn) particle and 
Al6(Fe,Mn)/α-AlFeMnSi duplex particle are indicated by liner arrows. 
 
As shown in Fig. 4.25, the quenching temperature leads to a dramatic change in the 
morphology of Al6(Fe,Mn). When quenching from 700˚C (30K above liquidus), 
Al6(Fe,Mn) is not observed and eutectic α-AlFeMnSi appeared as the predominant 
Fe-IMC. When quench at 620˚C and 600˚C (binary eutectic temperature), or 579˚C 
(ternary eutectic temperature), Al6(Fe,Mn) particles, generally locates within α-Al  
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Table 4.3 Comparison of morphology for phases at different water quench 






































































*Samples were cooled in furnace before quenching which has a cooling rate of 0.02K/s;  
**Water quenching provides a cooling rate of 50±20K/s; 
***Equilibrium formation temperature of primary α-AlFeMnSi, α-Al, and Mg2Si eutectic 





Figure 4.26 SEM micrographs showing the morphology of Al6(Fe,Mn)-to-α-AlFeMnSi 
transition particles in Al-5Mg-2Si-1.2Fe-0.7Mn alloy produced by (a) water quench at 600˚C 
after CF and (b) CF (non-quenching). Al-rich regions and α-Al12(Fe,Mn)3Si in transition 
regions are indicated with a arrows. 
 
grains, has a hollowed parallelogrammatic morphology and sometimes with attached 
branches. Meanwhile, the Al6(Fe,Mn)/α-AlFeMnSi duplex particles were not 
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observed when quenching temperature reaches 620˚C and the solidification of binary 
eutectic has already started (Fig. 4.25b). As shown in Fig. 4.25c, the transition 
region depth from the edge of duplex particle to Al6(Fe,Mn) at the centre increases 
when quenching from 600˚C compared with that of quenching at 620˚C. When 
quenching at even lower temperature (579˚C), the depth of transition region does not 
seem show an obvious change and there is almost no quenched melt observed. For 
primary α-AlFeMnSi, an identical polyhedral morphology to the samples cooling in 
furnace until completely solidified was observed, and the particles settled to the 
bottom of the mould in all three quenching temperatures (620˚C, 600˚C and 579˚C). 
Chinese-script α-AlFeSi were attached to primary α-AlFeMnSi at the bottom of the 
mould; occurred by itself at other areas; or surrounding the Al6(Fe,Mn) particles 
which sometimes had physical connection to Chinese-script α-AlFeMnSi. When 
cooling in furnace until fully solidified (Fig. 4.25), the coarse rod-like Al6(Fe,Mn) 
appears to be the primary Fe-IMC in this cooling rate (0.02K/s) given the 
morphology and large volume fraction, although an appreciable amount primary 
polyhedral α-AlFeMnSi segregate to the bottom of the mould. This is caused by 
gravity segregation and sufficient settling time for large primary α-AlFeMnSi. Then, 
the formation of primary Al6(Fe,Mn) occur when the liquid composition changes 
because of the primary α-AlFeMnSi sedimentation. 
Two typical types of particles that show phase transformations, branched particle and 
coarse primary particle, are discussed in in detail. Fig. 4.26 shows that the transition 
can occur on both at the boundaries of coarse Al6(Fe,Mn) particles and tip of 
Al6(Fe,Mn) branches. Large number of Al-rich regions exist at the Al6(Fe,Mn)-to-α-
AlFeMnSi transition region. There Al-rich region appears to be significantly large in 
diameter when it is close to particle boundary compared with the ones close to 
Al6(Fe,Mn). The Al-rich regions are not observed any more at the α-AlFeMnSi side 




4.4.1 Solidification Sequence of Al-5Mg-2Si-1.2Fe-0.7Mn Alloy  
The equilibrium phase transformation temperatures of Al-5Mg-2Si-1.2Fe-0.7Mn 
calculated with Pandat
TM
 8.2 and the experimental observations at different cooling 
rates are compared in Table 4.4. Based on the microstructures of the samples cast 
with different cooling rates (Fig. 4.22) and quenched with different temperature 
points, the solidification sequence is proposed: 
L → Primary α-AlFeMnSi +L1                                                                (reaction R4.1) 
L1 → Al6(Fe,Mn) + L1’                                                                                                    (R4.2) 
L1’ → α-Al + α-AlFeMnSi + L2                                                                            (R4.3) 
L2 → α-Al + Mg2Si+ L2’                                                                                       (R4.4) 
L2’ → α-Al + Mg2Si + Al6(Fe,Mn)                                                                        (R4.5) 
The cooling curve measurements revealed that the nucleation of primary α-
AlFeMnSi in Al-5Mg-2Si-1.2Fe-0.7Mn alloy requires a ∆T ≥20.2˚C (Table 4.4) at a 
cooling rate (<3.5K/s), except TP-1 or Melt Quenching (MQ) which did not contain 
primary α-AlFeMnSi when casting with 30K superheat. The primary α-AlFeMnSi 
forms at cooling rates ≤0.8K/s, but the transformation starting point was not 
observed with thermal analyses at cooling rate of 0.02K/s. Due to the low volume 
fraction (2.7% at equilibrium) and large transformation temperature range (50˚C), the 
heat release during the solidification of primary α-AlFeMnSi may not be enough to 
recalescence (Fig. 4.12) or even to be detect by thermal analysis devices (Fig. 4.11). 
The formation Al6(Fe,Mn), which is observed in microstructure and solidifies before 
primary α-Al in CF melt quenching experiment (Fig. 4.25), was not detected with 
thermal analyses. Eutectic α-AlFeMnSi/α-Al has consistent transformation 
temperatures with CM and MQ condition (Fig. 4.11 and Fig. 4.12) which are 




Table 4.4 Comparison of phase transformation temperatures in Al-5Mg-2Si-1.2Fe-



















L → Primary α-AlFeMnSi 
+L1 
670.4 639.0 650.2 
#
 









L1’ → α-Al + α-AlFeMnSi 
+ L2 
620.7 619.5 620.4 618.9 
L2 → Al + Al15(Fe,Mn)3Si2 
+ Al13Fe4  
615.7 - - - 
L2 → Al + Al8Fe2Si 591.2 - - - 
L2 → α-Al + Mg2Si+ L2’ 584.2 585.0 594.0 586 
* “CM” refers to ceramic mould;  
** “MQ” refers to melt quenching in steel mould;  
*** “
#
” refers to not confirmed and “-” refers to not experimentally observed. 
 
As shown in Table 4.4, the measured transformation temperature of ternary eutectic 
Mg2Si/α-Al/Fe-IMC or the Mg2Si/α-Al when cooling rate ≥3.5 is above the 
equilibrium transformation temperature (584.2˚C) which are 585.0˚C (DSC), 
594.0±0.1˚C (CM) and 585.7±2.3˚C (MQ). This is caused by non-homogenised 
liquid solution and complicate solute interaction between Fe, Mn, Si and Mg, which 
leads the actual solidification path to shift significantly from the equilibrium phase 
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diagram. Mg2Si eutectics, suggested by CALPHAD approach prediction to be 
ternary eutectic Mg2Si/α-Al/Al13Fe4, are observed in forms of polyhedral 
Mg2Si/eutectic-Mg2Si/α-Al (Fig.4.15a) and Mg2Si/α-Al/Al6(Fe,Mn) (Fig. 4.15b). 
The polyhedral core is considered to be the morphology of primary Mg2Si (Zhang et 
al., 2000). As the formation of primary Mg2Si requires a concentration of 14.2wt.% 
(Zhang et al., 2000), the existence of polyhedral Mg2Si core suggests  that the local 
Mg and Si segregation was very high during TP-1 and Cu wedge mould casting. 
Thus, the solidification sequence at Mg2Si is proposed to be: L2 → polyhedral Mg2Si 
→ binary eutectic Mg2Si/α-Al (reaction R4.4) → ternary eutectic Mg2Si/α-
Al/Al6(Fe,Mn) (reaction R4.5). As the reaction R4.4 decreased the Mg and Si 
enrichment and prompted Fe and Mn concentration, ternary eutectic reaction R4.5 
eventually occurred. 
4.4.2 Solidification Behaviour of Primary α-AlFeMnSi  
4.4.2.1 Nucleation  
The common understanding of solidification process is that the formation of a phase 
requires a nucleation event which is either homogeneous nucleation or heterogeneous 
nucleation (Kelton and Greer, 2010; Quested, 2004; Greer et al., 2000; Maxwell and 
Hellawell, 1975a). The heterogeneous nucleation needs to overcome a significantly 
smaller energy barrier compared with homogeneous nucleation due to the small 
wetting angle with the substrate (Turnbull and Vonnegut, 1952) or good lattice 
mismatching (Maxwell and Hellawell, 1975a). It was proposed that in Al alloys, the 
in-situ oxides, such as Al2O3, MgO, and MgAl2O4, can act as nucleation substrate for 
Fe-IMCs due to the small lattice matching with α-AlFeMnSi (Miller, Lu and Dahle, 
2006; Cao and Campbell, 2003). The current observation shows that the nucleation 
of primary α-AlFeMnSi was not noticeably encouraged after the wetting and 
dispersion of oxides films through intensive shearing technology described by Fan 
and co-workers (Men, Jiang and Fan, 2010). This suggests that good lattice 
mismatching between the nucleation substrate and nucleation phase is not the sole 
parameter for the heterogeneous nucleation of α-AlFeMnSi. 
Based on the current experimental observations, the nucleation of primary α-
AlFeMnSi occur when cast with a low superheat (≤10K) with TP-1 (Fig. 4.19) and 
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Cu wedge mould (Fig. 4.22), but it is supressed when casting with a higher 
superheat. As a thermodynamically stable phase suggested by Pandat
TM
 prediction, 
α-AlFeMnSi should form when the required nucleation undercooling is reached, 
unless any intermediate phase forms (Verma et al., 2013; Shabestari and Malekan, 
2005; Allen et al., 1998). This suggests that the nucleation of primary α-AlFeMnSi is 
dependent not only on the undercooling but on the casting superheat. The Fig. 4.23 
shows that the size of primary α-AlFeMnSi particles rises moderately from 
24.5±3.1μm at 871K/s to 52.6±5.0μm at 3.5K/s, which is not in good agreement with 
the literature which suggest the cooling rate significantly restricts the growth time 
and activates more nucleation sites, which lead to a finer morphology (Easton and 
StJohn, 2008; Shabestari and Malekan, 2005; Quested, 2004; Greer et al., 2000; Chai, 
Bäackerud and Arnberg, 1995). When cooling rate is between 871K/s and 3.5K/s the 
nucleation and growth of existing α-AlFeMnSi particles is not affected by the 
cooling rate change given unchanged morphology, but determined by the cooling 
process before mould cooling. Thus, it can be suggested that when the solidification 
process has a small cooling rate (≤0.8K/s) the nucleation of primary α-AlFeMnSi is 
significantly dependent on cooling rate, however when the solidification process has 
a large cooling rate (≥3.5K/s) and a small superheat (≤10K) the nucleation of primary 
α-AlFeMnSi occurs before casting due to stronger non-homogeneities in liquid 
temperature gradient and solute concentration in liquid. Once the stable primary α-
AlFeMnSi nuclei exist in the liquid, the growth can be initiated, which is largely 
dependent on the cooling rate considering the very large particle size under 0.02K/s. 
Thus, the nucleation of primary α-AlFeMnSi is essentially determined by cooling 
rate instead of casting temperature. Despite the established theory that higher cooling 
rate can activate more nucleation sites due to the larger nucleation undercooling it 
creates, current experimental observation suggests that the nucleation of α-AlFeMnSi 
requires a low cooling rate (≤0.8K/s) when casting superheats are the same. Based on 
the observations above, two assumptions for the mechanism behind a lower cooling 
rate encouraging the nucleation instead of higher cooling rate are proposed: 
The first assumption is that the formation energy barrier is the effective factor 
affecting the nucleation of primary α-AlFeMnSi (Gibbs free energy: ∆G). The 
precise values for thermodynamic parameters of multicomponent compounds such as 
Fe-IMCs are very difficult to obtain due to multi atom interaction. Even so, many 
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different approaches were used to investigate the thermodynamic parameters of Fe-
IMCs (Lacaze, Eleno and Sundman, 2010; Du et al., 2008; Du et al., 2004; Liu and 
Chang, 1999; Redlich and Kister, 1948). The formation ∆G has been reassessed by 
Lacaze (Lacaze, Eleno and Sundman, 2010) using Redlich-Kister polynomial 
(Lacaze, Eleno and Sundman, 2010; Redlich and Kister, 1948), which gives: 
𝐺0 𝑀
𝑆 =  𝑥𝐴𝑙 𝐺
0
𝐴𝑙
𝑆 + 𝑥𝑀𝑛 𝐺
0
𝑀𝑛
𝑆 + 𝑥𝑆𝑖 𝐺
0
𝑆𝑖





𝑆      (4.1) 
where R is the gas constant, and xAl, xMn and xSi are the mole fraction of Al, Mn and 
Si, respectively. Thus, the formation free energy is given:  
∆𝐺 = 𝐺0 𝑀
𝑆 − ∑ 𝑥𝑖 ∗ 𝐺
0
𝑖
𝑆 − ∑ 𝑥𝑖 𝐺
0
𝑖
𝐿                            (4.2) 
Lacaze reassessed one α-AlFeMnSi variant Al18(Fe,Mn)4Si1 and the calculated free 
energy change to be ∆G= -34144+17.49×T J/mol; for FCC α-Al the ∆G
*
= -
10711+11.47×T J/mol. Thus, we can see that the ∆G
 
for given volume of α-
AlFeMnSi is much more significant than α-Al. From this point of view, the 
formation energy barrier of α-AlFeMnSi is much larger than α-Al. As suggested 












(2 + 𝑐𝑜𝑠𝜃)(1 − 𝑐𝑜𝑠𝜃)2                              (4.3b) 
where VS is the volume of solid, Rc is the nucleus radius and θ is the wetting angle. It 
is seen that when the substrate particles are the same (ideally same θ) in the liquid 
melt large formation ∆G
*
 of α-AlFeMnSi is very likely to lead to substantially large 
critical nuclei radius. In actual situation the solute elemental distribution is not 
uniform in the liquid solution; the nucleated solid therefore might not be able to 
reach the critical nuclei radius due to the insufficient solute atom supply which is 
restricted by solute density in liquid and diffusion efficiency. Thus, with higher 
cooling rates where the diffusion time is lower, it is more difficult for primary α-
AlFeMnSi to obtain an atomic cluster that surpasses the critical nucleus’ radius. In 
TP-1 casting experiment where the melt composition, cooling rate and the available 
nucleation substrate remain constant and casting temperature varies, the nucleation 
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occurs in the castings with longer cooling time (CA condition) before pouring into 
TP-1 than these with a shorter cooling time (higher TP-1 casting temperature). 
Furthermore, the primary α-AlFeMnSi forms with TP-1 casting using a higher iron 
equivalent value (IEV) alloy, Al-6Si-5Fe-4Mn alloy (Fig. 4.5), which shows that the 
higher solute concentration can facilitate the nucleation of primary α-AlFeMnSi. This 
strongly suggests that when there is adequate amount of solute atoms the longer 
diffusion time is no longer needed for the nucleation of primary α-AlFeMnSi. 
The second assumption is that the kinetics of the melt is a dominating factor for the 
nucleation of primary α-AlFeMnSi that the nucleation of primary α-AlFeMnSi 
requires an adequate amount of diffusion time for the critical amount of Fe, Mn and 
Si atoms to compose a stable nucleus with radius Rc. In a supercool liquid, a nucleus 
of critical Rc will grow if it manages to add one more atom. The rate at which this 
occurs is proportional to the atomic vibration frequency v0 and the probability of 
capturing an atom at the surface, pc. This rate of formation of heterogeneous nuclei, 
I
hetro
, is given by (Dantzig and Rappaz, 2009): 





𝑓(𝜃))  𝑛𝑢𝑐𝑙𝑒𝑢𝑠/𝑚3/𝑠        (4.4) 
where nl is the density of atoms in liquid nl is the density of atoms in liquid. Thus the 
Time-Temperature-Transformation (TTT) curve may be determined, suggesting that 
the activated nuclei count can be significantly low when the cooling rate (∆T/t in Fig. 
2.6) is either very low or very high. In a multi component system, the pc can be 
relatively lower than unary system due to the non-ideal atom interactions, and nl can 
be very low compared with unary system given the α-AlFeMnSi phase’s dilute 
component elements concentration. Based on this, the count of stable nuclei of 
primary α-AlFeMnSi can be restricted, especially at higher cooling rate (≥3.5K/s), 
due to the low solute (Fe, Mn and Si) concentration, non-ideal elements interaction 
and diffusion coefficients (atomic vibration frequency). Thus, the nucleation rate at 
cooling rates ≥3.5K/s is highly like very low which means primary α-AlFeMnSi 
nucleation being suppressed. The approach to enhance the heterogeneous nucleation 
by facilitating the capability of substrate capturing the atoms will be developed and 
introduced in chapter 6. 
Many reports suggest that a system requires a relatively lower cooling rate to 
nucleate more thermodynamically stable phase due to the more significant nucleation 
108 
 
barrier (Dutta and Rettenmayr, 2000; Allen et al., 1998; Backerud, Chai and 
Tamminen, 1990; Adam and Hogan, 1972). This is in a good agreement with the 
experimental observation that primary α-AlFeMnSi prefers to nucleate during DSC 
(0.3K/s) (Table 4.4) and cooling in furnace (Fig. 4.22f) when the nucleation 
undercooling is satisfied. Thus, the longer homogenisation time allows the nucleation 
of more thermodynamically stable Fe-IMC, and equilibrium phase can be nucleated 
when the solute is sufficiently supplied. The diffusion coefficient of alloying 














/s), which suggests that Fe is likely to be the dominant factor at 
restricting the nucleation event. 
Based on the above discussions, due to large formation energy barrier (-
34144+17.49×T), low element concentration and non-ideal multi component 
interaction, both potent nucleation substrates for smaller critical nucleus radius and 
sufficient diffusion time for forming nucleus cluster are the governing factors for the 
heterogeneous nucleation of primary α-AlFeMnSi in Al-5Mg-2Si-1.2Fe-0.7Mn alloy. 
4.4.2.2 Faceted Growth  
α-AlFeMnSi, as an equilibrium phase in Αl-Fe-Mn-Si system (Zhang et al., 2012; 
Ghosh, 2008), has a crystal structure of body-centred cubic (BCC) and can be altered 
from Im-3 to Pm-3 by increasing Mn/Fe ratio or heat treatment owing to the multi-
atomic species and vacant sites in its complex structure (Kim et al., 2006; Yoo et al., 
1999; Donnadieu, Lapasset and Sanders, 1994; Lai and Li, 1993). As shown in Fig. 
4.18, the experimentally measured crystallographic structure fits with the BCC (Im-
3) structure. Intermetallic compounds are commonly found to be anisotropic and 
shows faceted morphology, such as Al3Ti, Al13Fe4 and β-AlFeSi et al. (Wang et al., 
2016; Puncreobutr et al., 2014; Allen et al., 1998). The crystal morphology after 
growth is complete is generally dependent on the crystal geometry (Donnay and 
Harker, 1937). A recent update by Gao (Gao et al., 2013) on the growth of primary 
α-Al15(Fe,Mn)3Si2 suggests that its morphology is largely dependent on the 
crystallographic features. In  
Table 4.5 Thermodynamic data used in this chapter: Liquidus Slopes (mi), Partition 
Coefficients (ki) (Easton and StJohn, 2001), Pre-exponential Factor (D0) in Al, 
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Activation energy (Q), Diffusion Coefficients in liquid Al D650 at 650˚C (Du et al., 
2003). 
Element (i) Mg Si Mn Fe 
mi (K·wt.%
-1
) -6.2 -6.6 -1.6 -3 


























































* Arrhenius equation for diffusion coefficient is D = D0exp[-Q/(RT)] (Du et al., 
2003; Arrhenius, 1889) 
 
current alloy system, a complete primary α-AlFeMnSi particle located in α-Al grain 
shows polyhedral morphology with 2D observation (Fig. 4.3a and Fig. 4.5) and 
rhombic dodecahedral morphology with 3D observation (Fig. 4.3a and Fig. 4.6a). 
The faceted crystal is suggested to be a common morphology for anisotropic crystal 
because of the low energy barrier for continuous growth compared with surface 
nucleation of other directions (Sunagawa, 1995).  
During the growth process to a complete rhombic dodecahedron, three growth stages 
are proposed for the faceted growth of primary α-AlFeMnSi including initial stage, 
hollowed polyhedral stage and completed polyhedral stage. During the initial stage 
of the growth, a few hillocks would generate on the preferred growth orientations. In 
hollowed polyhedral stage, due to the concentration gradient caused by the 
consumption of the alloying elements during initial growth, secondary branches 
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develop on primary hillocks. Following the same principle, tertiary branches develop 
on the secondary branches. Consequently, the solute concentration at the centre of 
the primary particle should be less compared with outer ring, which could lead to this 
hollowed polyhedral with a core morphology shown in Fig. 4.4b and Fig. 4.4c. 
When the solute is more abundant, this phenomenon can be more significant (see Fig. 
4.5a-b) as the growth on preferable direction is further facilitated. Thus, it can be 
suggested that the primary arm orientation should be <111> where projection vectors 
on {111} plane should be 60˚ to each other, which agrees with the experimental 
observation in Fig. 4.5a. With this establishment, if observing the crystal from <001> 
direction, the projections vectors of <111> on {001} should have 90˚ angle to their 
neighbouring ones, which is consistent to the observation shown in Fig. 4.5b. Thus, 
the <111> is one of the preferred growth orientations. In the particles with 6-fold 
(Fig. 4.5a) and 4-fold (Fig. 4.5b) symmetric morphologies, the projection vectors of 
their secondary arm on the observation planes are both parallel to their primary arm 
orientations. Therefore, <111> is established as the most/ one of the preferred growth 
orientations, because of its relatively larger growth driving force; and the secondary 
arm and tertiary branches’ growth orientation belong to <111> as well. Therefore, 
the exposed outer plane of a complete primary (see Fig. 4.5) is highly likely to be the 
{110} plane of BCC crystal, which is the highest reticular density crystal plane for 
BCC structure (Sunagawa, 1995; West and Fredriksson, 1985). Consequently, as 
shown in Fig. 4.5a, [112], the projection of [111] on (111) plane, has exactly 60˚ 
angle with [2-11] which is the projection [1-11] on (111) plane. The projection 
angles of <111> to <112>{111} is about 19.5˚. Meanwhile, as shown in Fig. 4.5b [-
1-10], the projection of [-1-11] to (001) plane, has a 90˚ angle with [1-10] which is 
the projection [1-11] on (001) plane. The projection angles of <111> to <110>{001} 
is about 35.3˚. Thus, the {111} directions appear to be one of the preferred growth 
orientation of anisotropic primary α-AlFeMnSi crystal. On this establishment, {110} 
appears to be the facet planes of anisotropic primary α-AlFeMnSi crystal. 
At the last growth stage, the edges of primary α-AlFeMnSi developed to have 
rhombic dodecahedral structure. During the growth to a complete rhombic 
dodecahedral primary α-AlFeMnSi, impurity elements are rejected to the 
surrounding melt, and enriched the region near the interface (Chernov, 1974). 
Additionally, the solutes become more difficult to diffuse at faceted plane of the 
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primary particle compared with the edge and corner. Thus the driving force for 
growth on the edge and corner is higher, which leads to the stability of a complete 
rhombic dodecahedral structure. This, in return, may stop the elongation of the edge, 
giving rise to macro-steps growth tangentially towards the centre of the facet. If the 
impurity concentration is relatively low, these steps on preferred orientations will be 
merged at the centre. Thus, a complete rhombic dodecahedral structure is established. 
On the other hand, the higher concentrations of impurities at the edges to diffuse into 
the larger body of the melt are easier compared with the centre of the facet. As a 
result, it gives rise to the higher driving force for growth on the corner and edges, 
which contributes to the size increase of the faceted primary particles.  
On the other hand, the particle size increase is also a very importantly factor to 
understand the growth of primary α-AlFeMnSi crystal. The growth velocity of 
primary α-AlFeMnSi seems not to be greatly affected by the casting temperature or 
cooling rate when it is above (3.5K/s). As established in previous section 4.4.2.1, the 
nucleation of primary α-AlFeMnSi can be trigged at lower cooling rate (≤0.8K/s) and 
the formation of minor amount of primary α-AlFeMnSi at low casting superheat 
(10K) is considered to be a product of local non-homogeneities liquid during the 
cooling process before casting or the heat balancing process at the beginning of the 
casting. This effect is reflected in Fig. 4.20 that the average size of primary α-
AlFeMnSi does not change drastically as casting temperature decreases where longer 
growth time is allowed and volume fraction of primary α-AlFeMnSi increases very 
moderately. Further, once the nucleation was trigged with enough undercooling 
when TP-1 casting was applied at low temperature (650˚C, 640˚C and 630˚C) the 
average size of primary particle is significantly reduced (see Fig. 4.20). With the 
same casting temperature as cooling rate decreases the area ratio of primary to 
eutectic α-AlFeMnSi (shown in Fig. 4.23) increase, which suggests that low cooling 
rate allows more primary α-AlFeMnSi nucleation site and/or more growth time. It is 
considered at the results of longer diffusion and growth time at lower cooling rates. 
Moreover, in the relatively more homogenised liquid (at a cooling rate of 0.02K/s) 
the primary particle can gain significant increase in size (251.3±75.3μm), but with a 
very low number density. This can be cause by the composition shift from nominal 
value after the initial nucleation and growth of primary particle further nucleation 
stops as the actual undercooling is not enough to activate further nucleation site of 
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primary α-AlFeMnSi. The joining morphology of two or more polyhedral primary α-
AlFeMnSi particle is considered as a result of remelting of sediment primary particle 
during growth as they are very close and sometime with physical contact. 
It may be proposed that as a strongly anisotropic crystal primary α-AlFeMnSi’s 
preferred growth orientations are <111> which are relatively more accelerated during 
growth. The consequential local solute profile change leads to the rhombic 
dodecahedron morphology at the end of its growth. The growth of faceted primary α-
AlFeMnSi can be facilitated by sufficient amount of growth time and a more 
homogenised liquid. 
4.4.3 Solidification Behaviour of Eutectic α-AlFeMnSi 
4.4.3.1 Nucleation 
In Al-5Mg-2Si-1.2Fe-0.7Mn alloy system, Chinese-script eutectic is the other form 
of α-AlFeMnSi observed in addition to polyhedral primary α-AlFeMnSi. Al-5Mg-
2Si-1.2Fe-0.7Mn, a hypereutectic alloy (Fig. 4.1), should show a primary α-
AlFeMnSi and eutectic α-AlFeMnSi/α-Al mixed microstructure. Fig. 4.19a-b shows 
that there is a large amount of dendritic α-Al containing α-AlFeMnSi/α-Al eutectics. 
When primary α-AlFeMnSi is formed microstructure, it is observed (Fig. 4.19c-g) 
that a considerable amount α-Al dendrite containing both primary and eutectic α-
AlFeMnSi and α-Al grains. Porter and co-workers suggested that irregular eutectic 
structure can be encouraged when one of the solid phases is capable of faceting due 
to high melting entropy (Porter, Easterling and Sherif, 2009), which causes primary 
α-AlFeMnSi and eutectic α-AlFeMnSi/α-Al mixed microstructure showing a α-Al 
dendrite and α-AlFeMnSi/α-Al mixed microstructure due to α-AlFeMnSi’s strong 
anisotropy. Further, the appearance of large number density of primary α-AlFeMnSi 
can lead to a considerably reduced colony size of eutectic α-AlFeMnSi. Conversely 
the eutectic α-AlFeMnSi can be increased when there is only limited amount of 
primary α-AlFeMnSi (Fig. 4.20). This strongly indicates that the presence of primary 
particle encourages the nucleation of eutectic α-AlFeMnSi considering the 
substantial size reduction with increasing primary α-AlFeMnSi. 
Based on microstructure observations and previous analyses, two potential 
transformations mechanisms for eutectic α-AlFeMnSi are proposed: (1) the primary 
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α-Al solidifies first providing higher solute concentration for the formation of new α-
AlFeMnSi/α-Al eutectic grain (Fig. 4.27a); (2) eutectic α-AlFeMnSi branches 
solidifies first on primary α-AlFeMnSi as primary α-AlFeMnSi is an ideal nucleation 
substrate and followed by coupled growth of α-Al (Fig. 4.27b). In current 
experiment, it is very likely that both of the mechanisms have contributed to the final 
microstructure as the microstructure contains mixed morphology of the products of 
three formation mechanisms. Although in the case without primary α-AlFeMnSi, 
such as casting with superheat more than 30K (Fig. 4.19a), the first assumption 
strongly supports that the primary α-Al forms first followed by the formation of 
eutectic α-AlFeMnSi, as a substantial fraction of dendritic α-Al grains do not contain 
any eutectic structure and eutectic α-AlFeMnSi grains mainly located at the inter-
dendritic regions of α-Al.  
 
Figure 4.27 A schematic illustration of the formation mechanism of α-AlFeMnSi irregular 
eutectic showing that (a) Fe-IMC located at inter-dendrite area of α-Al and (b) Fe-IMC 
contained within α-Al grain with nucleation and eutectic growth on primary α-AlFeMnSi 
particle. 
 
More importantly, the second assumption is confirmed in Fig. 4.7 and 4.19c-g that 
eutectic α-AlFeMnSi branch developed from the edges of primary α-AlFeMnSi 
particle followed by the formation of irregular α-AlFeMnSi/α-Al eutectic. Both of 
the mechanisms are believed to be dependent on the actual liquid situation that the 
mechanism (1) dominates the solidification with higher cooling rate and mechanism 














nucleation undercooling is the determining factor of whether α-Al or α-AlFeMnSi 
nucleates first for the formation of eutectic α-AlFeMnSi/α-Al. 
The boundary of a Fe-IMC colony is considered as the tip of a branch in an 
interconnected α-AlFeMnSi eutectic network. During the formation of the eutectic 
Fe-IMC branches, the excess elements, such as Al and Mg, are rejected to the liquid, 
leading to local deviation in composition from that of the equilibrium eutectic 
composition. As the local impurity elements concentrations is dilute, the driving 
force for the α-Al increases and driving force for the growth of α-AlFeMnSi is 
reduced. This leads to a higher growth velocity on α-Al compared with α-AlFeMnSi. 
Subsequently, as the Al atoms are consumed faster than others, the growth velocity 
of α-Al and α-AlFeMnSi reaches a stable state. Then, this branched irregular eutectic 
structure forms. 
4.4.3.2 Growth 
The growth of eutectic α-AlFeMnSi is dependent on the type of nucleation 
mechanism for the formation of eutectic α-AlFeMnSi established in previous section 
4.4.3.1. Based on this, we can understand the eutectic α-AlFeMnSi morphology 
change as the casting condition and the amount of primary α-AlFeMnSi in 
microstructure vary. As observed with various casting temperature experiments (Fig. 
4.19), when the primary α-AlFeMnSi formation is encouraged, the solute elements 
will at first contribute to the formation of primary α-AlFeMnSi and then take part in 
the formation for eutectic α-AlFeMnSi/α-Al. As a result, eutectic volume fraction 
decreases considerably in from 6.3±0.2vol.% to 3.4±0.2vol.% (see Fig. 4.20) at TP-1 
pouring temperatures 720-660˚C and 650-630˚C, respectively.  However, if the 
nucleation of primary α-AlFeMnSi (reaction R4.1) is not triggered, instead of 
participating to the reaction R4.1, the excess Fe and Mn content will enhance the 
reaction for eutectic α-AlFeMnSi (R4.2) leading to an larger volume fraction of 
eutectic α-AlFeMnSi (6.2%±0.2vol.%). It is inevitable that the actual solidification 
parameters have some disagreement with that of CALPHAD approach prediction 
using Pandat
TM
. The volume fraction of primary α-AlFeMnSi (3.4%±0.2vol.%) has a 
small deviation from the prediction value (2.7%); while the measured volume 
fraction of eutectic α-AlFeMnSi (3.1%±0.3vol.%) is significantly different from the 
prediction value (0.8%). This disagreement is caused by its 3D morphology and 
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higher toughness of Fe-IMC compared with matrix, which can easily increase the 
surface area during 2D observations. The primary α-AlFeMnSi does not have a 
significant surface area increase due to the compact 3D morphology. The 
suppression of primary α-AlFeMnSi still contributed to a considerable volume 
fraction increase for eutectic α-AlFeMnSi as the quantification methods were kept 
the same. The sharp drop of primary α-AlFeMnSi volume fraction is very likely to be 
caused by settling effect and low fluidity as melt approaches the eutectic temperature. 
Therefore, a large amount of primary α-AlFeMnSi was trapped in the crucible and 
lead to the lower volume fraction observed when pouring at 620˚C. 
In the current investigation, cooling rate is mainly causes changes in the amount of 
time available for the the growth, effective nucleation site density and the number 
density primary α-AlFeMnSi. In various cooling rate experiments where the alloy 
composition and superheat are kept constant, the size of α-AlFeMnSi/α-Al colonies 
appears to be less sensitive to the cooling rate compared with the α-Al, as the eutectic 
α-AlFeMnSi only increased by 43% from 102.0±12.1μm to 145.6±13.7μm as the 
cooling rate decreased by more than 50 times from 870K/s to 13.8K/s (Fig. 4.23). 
The slower cooling rate activate lower nucleation site number and allows more 
growth time for eutectic grains (Easton and StJohn, 2008; Greer et al., 2000), which 
consequently provide more solute for each nucleated grain. For primary α-AlFeMnSi, 
as a potential nucleation site for eutectic α-AlFeMnSi, has a significant effect on 
solidification of process eutectic α-AlFeMnSi. As established previously (Fig. 4.22 
and Fig. 4.23), slower cooling rate allows a relatively smaller heat gradient during 
cooling which can be preferable to the nucleation of primary α-AlFeMnSi, which 
causes the size reduction of primary α-AlFeMnSi even though the cooling rate 
decreases. As the amount of solute in the melt is the same, lower solute content for 
the formation of eutectic α-AlFeMnSi is available as slower cooling rate facilitate the 
increase in the volume fraction of primary α-AlFeMnSi. Thus, if the solute content is 
constant, decreased cooling rate can increase the relative amount of primary α-
AlFeMnSi than the eutectic α-AlFeMnSi. Considering the large Chinese-script 
morphology of the eutectic α-AlFeMnSi and compact polyhedral morphology for 
primary α-AlFeMnSi, the solidification of primary α-AlFeMnSi is certainly 
relatively more beneficial to the microstructure and the resulting properties. 
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4.4.4 Effects of Solute Segregation on Solidification of α-AlFeMnSi 
Before analysing the micro-segregation for α-AlFeMnSi during solidification, it is 
very important to understand which the thermodynamically stable Fe-IMC phases 
are. It has been reported that the α-AlFeMnSi compounds sharing same crystal 
symmetry can exhibit different stoichiometry, particularly when Fe and Mn are both 
present (Ji et al., 2013b; Crepeau, 1995; Narayanan, Samuel and Gruzleski, 1994; 
Gustafsson, Thorvaldsson and Dunlop, 1986). Due to their chemical similarities, Fe, 
as well as Cr, can replace Mn to participate in the formation of Fe-IMCs (Kim et al., 
2006). The Si vacancies can be taken by Al while the BCC crystal structure is 
maintained. Consequently, the Fe/Mn and (Fe,Mn)/Si ratio are largely dependent on 
solute flux during solidification, which is essentially controlled by the casting 
condition and alloy composition. Two often observed α-AlFeMnSi phase 
stoichiometry are Al15(Fe,Mn)3Si2 and Al12(Fe,Mn)3Si, which have the ratios 
(Fe+Mn)/Si of 1.5 and 3, respectively. When Si concentration is higher (normally in 
Al-Si alloys) Al15(Fe,Mn)3Si2 tends to form (Liu, Cao and Chen, 2014; Cao and 
Campbell, 2004), otherwise Al12(Fe,Mn)3Si is the preferred stoichiometry for α-
AlFeMnSi (Yang et al., 2014; Ji et al., 2012; Kuijpers et al., 2002). Thus, the 
observation of Al12(Fe,Mn)3Si in current alloy composition is expected. The literature 
reported the same crystal symmetry for Al12(Fe,Mn)3Si and Al15(Fe,Mn)3Si2 when 
Mn presents in Al-Fe-Si system, but the mechanism for this variation has not been 
well described. In current experiment, the stoichiometry appears to be not 
significantly affected by the cooling rate. Given that, in Al-Mg-Si alloys the presence 
of Mn content determine the crystal structure of the α-AlFeMnSi and the Fe, Mn and 
Si concentrations of dominant Fe-IMC’s. 
The element concentration of Fe-IMCs in current investigation is illustrated in Fig 
4.13 showing a considerable difference when cooling rate varies. Solute 
concentration variation is observed in both matrix and compounds when the cooling 
rate changes, which is normally regarded as microsegregation (Verma et al., 2013; 
Dutta and Rettenmayr, 2002; Langsrud, 1990). For Fe-IMC in both Al-Fe and Al-Fe-
Si systems, the morphology and the volume fraction of Fe-IMCs are altered by 
varying the cooling condition, where diffusion plays a crucial role in this change 
(Verma et al., 2013; Dutta and Rettenmayr, 2002; Dutta and Rettenmayr, 2000; 
Allen et al., 1998). In the current investigation, the concentrations of elements in the 
117 
 
compounds varies in both primary and eutectic α-AlFeMnSi particles suggesting that 
the composition of Fe-IMC is constrained and form even at lower solute 
concentration when there is insufficient solute supply (diffusion time and solute 
flux). However, when the local solute composition is below the critical level for the 
formation of α-AlFeMnSi during non-equilibrium solidification, other metastable 
phases which requires lower formation energy (Khalifa, Samuel and Gruzleski, 
2003), such as Al6(Fe,Mn) (see Fig. 4.9), form. 
The solute concentration profiles in Fig. 4.28 demonstrate the solute distribution 
during the growth of α-AlFeMnSi. In Fig. 4.28 the relative solute concentration 
profile at the growth front of solid phase is illustrated. The distance needed to reach 




                                                       (4.5) 
where δc, the thickness, is defined as the equivalent boundary layers for a planer 
interface, D is the diffusion coefficient and V is the growth velocity. The solute 
concentration at the growth front is dominated by the solute concentration in the 
solid, solute concentration in the remaining liquid and the solute diffusivities. More 
importantly, the difference in diffusion rate appears to be a critical factor causing 
different microsegregation levels through α-AlFeMnSi phase as the Si concentration 
in α-AlFeMnSi does no change much while Fe and Mn concentrations varied notably 
with the change in cooling rate (Table 4.2).  
Thus, the Fick’s second law of diffusion is introduced here to get an insight into the 
significance of the impact caused the diffusion rate on the composition of Fe-IMC. It 
provides the reject atom flux at the cross section (A) because of the formation of the 
solid to be: 
𝐽𝑆 =  −𝐴 (
𝑑𝑧′
𝑑𝑡
) ∗ (𝐶𝑙 − 𝐶0)                                     (4.6) 
where Cl is the solute concentration at the interface and C0 is the alloy composition. 
At steady state, the resultant flux should be balanced by an equal flux from liquid, 
which gives: 
 𝐺𝐶 = −𝐴𝐷(
𝑑𝐶𝑙
𝑑𝑧
)                                               (4.7) 
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By combining equation 4.6 and equation 4.7, the solute fluxing balance is given by  
 
 
Figure 4.28 Schematic illustration of the concentration profiles for Fe, Mn and Si at the front 
of solid phase (α-AlFeMnSi). The concentrations of elements were marked based on the 
stoichiometry of the solid phase and the initial composition of the liquid. Diffusion 
directions in liquid and solid are indicated with hollowed arrows. The distance from the 
interface until chemically near-homogenised liquid labelled with dash line. Interface liquid 
solute profile is calculated with C0/k (Kurz and Fisher, 1986). 




)𝑧=0 =  −(
𝑉
𝐷
)∆𝐶0                                   (4.8) 
where GC is the solute concentration gradient, V is the growth rate, D is the diffusion 
coefficient and ∆C0 is defined as solute concentration difference between solute 
concentration in S/L interface and alloy composition. For a given growth rate (1m/s), 
the calculated value for steady state is shown in Table 4.5. The desired rate of the 







  at.%/m for Si, Mn and Fe, respectively. It suggests that at steady state 
the amount of Fe+Mn atoms required for the solidification of α-AlFeMnSi is 3.5 
times more than that of Si. However, the diffusion of Fe and Mn in liquid Al is at the 
same order of magnitude with the diffusion of Si in liquid Al. Consequently, in non-
equilibrium solidification, there is a severe shortage of Fe and Mn compared with Si 
Growth front 




Solute diffusion direction 
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for the formation of Al12(Fe,Mn)3Si; the (Fe+Mn)/Si ratio increases as the cooling 
rates decreases due to more sufficient diffusion time for Fe and Mn to diffuse to the 
S/L interface at slow cooling process. Other factors, such as competitive growth and 
nucleation, are negligible here as the increased cooling rate did not noticeably alter 
either the transformation temperature or crystal structure of Fe-IMCs.  
Therefore, the stoichiometry of α-AlFeMnSi is mainly dependent on chemical 
composition. However, for a complicate compound α-AlFeMnSi, the segregation of 
elements is evidenced and depended on the elements’ diffusion coefficient and solute 
concentration in liquid.  
4.4.5 Al6(Fe,Mn) to α-AlFeMnSi Transformation 
4.4.5.1 Nucleation of Al6(Fe,Mn) 
It is well known that the metastable phase Al6(Fe,Mn), with almost identical crystal 
structure to the thermodynamically stable Al6Mn, tends to form at low Fe, Mn 
concentration or at higher cooling rates (Khalifa, Samuel and Gruzleski, 2003; 
Maggs, 1996; Narayanan, Samuel and Gruzleski, 1994; Skjerpe, 1987; Young and 
Clyne, 1981). CALPHAD approach prediction using Pandat
TM
 PanAl2013 database 
suggests that in the Al-5Mg-1.2Fe-0.7Mn-xSi system Al6Mn becomes 
thermodynamically stable when Si concentration decreases below 1.8wt.%. Thus, 
with CF condition (0.02K/s) when Si is consumed by the growth of primary α-
AlFeMnSi, the nucleation of Al6Mn is very likely to take place once the nucleation 
undercooling is reached. Due to its long and thin morphology and reduced settling 
time during the solidification compared with primary α-AlFeMnSi, primary 
Al6(Fe,Mn) is more likely to remain in the melt, which will then allow the nucleation 
of Al6(Fe,Mn)/α-Al on its surface. 
The formation of α-AlFeMnSi on Al6(Fe,Mn) requires a nucleation event to initiate 
the phase transformation. Observation of the intermediate stage of this 
transformation was not possible, and it is very difficult to determine the point of 
nucleation. The Fig. 4.26 shows that the transition regions located at both 
Al6(Fe,Mn) branches and parallelogrammatic primary Al6(Fe,Mn). One continuous 
branch can consist of several transition region (Fig. 4.26a), and α-AlFeMnSi 
branched areas are always connected to the transition region on Al6(Fe,Mn) but not 
120 
 
Al6(Fe,Mn) directly. Due to the limitation of 2D observation the 3D morphology 
could be different from the interpretation, but over 30 partially transformed particles 
show the same trend and should represent the 3D situation. Based on this, the 
nucleation of α-AlFeMnSi occurs at Al6(Fe,Mn) branches so that the transformation 
can develop towards Al6(Fe,Mn) grain centre, and the α-AlFeMnSi has multiple 
nucleation sites on Al6(Fe,Mn) to allow the presence of separate transition regions. 
4.4.5.2 Eutectoid Transformation 
A number of researchers have addressed this transformation as Al6(Fe,Mn)-to-α-
AlFeMnSi transformation, but the type of transformation proposed is different. Some 
suggested that in the system with a high Fe composition (above 10wt.%) the 
Al6(Fe,Mn)-to-α-AlFeMnSi transformation is a peritectic transformation (Zhou et al., 
2016; Warmuzek, Rabczak and Sieniawski, 2005; Stefaniay, Griger and Turmezey, 
1987), that α-AlFeMnSi form on existing Al6(Fe,Mn) particles through peritectic 
reaction and then become a solid-state diffusion dominated transformation when 
Al6(Fe,Mn) solid liquid interface disappears (Ha and Hunt, 2000; St John and Hogan, 
1987). Different from peritectic reaction, Alexander and Greer suggested that 
Al6(Fe,Mn)-to-α-AlFeMnSi transformation is a eutectoid transformation in dilute Al 
alloys (CFe+CMn+CSi less than 5wt.%) and that the reaction is dependent on 
homogenisation time and Si solid diffusion coefficient (Alexander and Greer, 2004; 
Alexander and Greer, 2002; Watanabe, Ohori and Takeuchi, 1984; Munson, 1967; 
Sun and Mondolfo, 1967). The reaction equation for this eutectoid transformation is 
given by Alexander (Alexander and Greer, 2002): 
3Al6(Fe,Mn) + Si → α-Al12(Fe,Mn)3Si + 6Al                     (R4.6) 
The product eutectoid composes of 75% α-Al12(Fe,Mn)3Si and 25% α-Al 
volumetrically (Alexander and Greer, 2002), which is generally consistent with the 
microstructural observation in transition regions as it composes of Al-rich region and 
α-Al12(Fe,Mn)3Si. 
Microstructure of the sample quench at 620˚C (shown in Fig. 4.26b) show that the 
Al6(Fe,Mn)-to-α-AlFeMnSi transformation did not initiate after the formation of 
Al6(Fe,Mn) and its surrounding α-Al grains. There is no liquid-Al6(Fe,Mn) interface 
for the peritectic transformation present here. In fact, the microstructure of the 
121 
 
sample quenched at 600˚C (shown in Fig. 4.26c) reveals duplex particles appeared 
on both primary and dendritic Al6(Fe,Mn) particles prior to the solidification of 
Mg2Si. Thus, the Al6(Fe,Mn)-to-α-AlFeMnSi transformation initiate between 620˚C 
and 600˚C when the Al6(Fe,Mn) particles were already surrounded by α-Al. 
Therefore, Al6(Fe,Mn)-to-α-AlFeMnSi transformation is considered to be a eutectoid 
transformation that commences between 620˚C and 600˚C. Compared with the solid 
state transformation, the activation energy for diffusion for peritectic transformation 
is much lower, QFe= 215kJ/mol in solid, while QFe= 35kJ/mol in liquid (Table 4.5). 
Consequently, the transition layer of peritectic transformation should easily surround 
the S/L interface, instead of having some separate transition regions on the solid 
(Fig. 4.26). 
During the eutectoid transformation, as indicated in Fig 4.26b, Al atoms were 
rejected from Al6(Fe,Mn) phase and therefore Al-rich region forms. After the 
formation of α-Al region, it will coalesce and start to spheroidise in order to 
minimize the surface area to reduce surface energy, which is a diffusion dominated 
process (Kamyabi-Gol and Sheikh-Amiri, 2010; Alexander and Greer, 2002). Longer 
diffusion times facilitate the growth of the intergranular Al-rich regions, and 
eventually the interface with Fe-IMC will disappear when the granular Al-rich region 
moves into Al matrix. The Fig. 4.26b shows that Al-rich regions have a very fine 
morphology when it is close to untransformed Al6(Fe,Mn) and have a coarser 
morphology when it is close to the Al/α-AlFeMnSi interface. This is because the 
transition on the grain boundary initiated earlier than the centre of the particle, which 
should allow longer dissolution time for these fine Al-rich regions to decrease 
interface energy. The incomplete spheroidization of Al-rich regions is considered to 
be mainly caused by limited Si in solid solution. 
Thus, it is proposed that the Al6(Fe,Mn)-to-α-AlFeMnSi is a Si diffusion dominated 
eutectoid transformation. The formation of Al6(Fe,Mn) is most likely caused by the 
reduction of solute content during the solidification of primary α-AlFeMnSi. 
4.5 Summary 
In this chapter, the nucleation and growth behaviour of both primary and eutectic α-
AlFeMnSi in an Al-5Mg-2Si-1.2Fe-0.7Mn alloy was described in detail. The 
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solidification sequence of this alloy was confirmed with thermal analysis and 
microstructure observation, which shows solidification reactions as follow: L → 
Primary α-AlFeMnSi + L1 → Al6(Fe,Mn) + L1’ → α-Al + α-AlFeMnSi + L2 → α-Al 
+ Mg2Si+ L2’ → α-Al + Mg2Si + Al6(Fe,Mn). Al6(Fe,Mn), is a metastable phase in 
current system, and able to transform into α-AlFeMnSi at a low cooling rate 
(0.02K/s). The primary α-AlFeMnSi exhibits compact polyhedral morphology, and 
the eutectic α-AlFeMnSi exhibits Chinese-script morphology; they were both 
identified with TEM to correspond to a body-centred cubic (BCC) structure with a 
lattice parameter of 1.256nm which was consistent with the crystal structure of α-
AlFeMnSi or Al19Fe4MnSi2, and their stoichiometry were both measured with EDS 
to be Al12(Fe,Mn)3Si. It is unlike α-Al or α-Mg the formation of primary α-
AlFeMnSi was encouraged by slower cooling rates (≤0.8K/s). When the nucleation 
of primary α-AlFeMnSi occurs (casting with 10K superheat), the size of primary α-
AlFeMnSi increased gradually from 24.5±3.1μm over 800K/s to 52.6±5.0μm at 
3.5K/s, and it then increased dramatically to 251.3±75.3μm when the cooling rate 
decreased to 0.02K/s. The colony size of eutectic α-AlFeMnSi/α-Al increased 
gradually from 102.0±12.1μm at over 800K/s to 165.1±36.4μm at 3.5K/s before an 
large increase to 623.3μm at 0.02K/s. EDS analysis of α-AlFeMnSi particles reveals 
that increasing cooling rate (0.02K/s → 3.5K/s) can lead to the decrease in the 
concentration of Fe+Mn in α-AlFeMnSi by 1.0at.% in average, due to the solute 
segregation during solidification. Microstructure observation reveals that the {011} 
planes, especially in <111> orientations, are the preferred growth orientations of 
BCC primary α-AlFeMnSi resulting in rhombic dodecahedral 3D. 
The volume fraction of eutectic α-AlFeMnSi significantly reduced with the 
formation of primary α-AlFeMnSi, for instance, the volume fraction of eutectic α-
AlFeMnSi decreased from 6.2% (TP-1 casting at 720˚C (50K superheat) to 3.0% 
(TP-1 casting at 630˚C) whilst the volume fraction of primary α-AlFeMnSi increased 
from 0vol.% to 3.6±0.7vol.%;  the average colony size of eutectic α-AlFeMnSi/α-Al 
is decreased by 31.1% from 175.5±32.5μm to 120.9±30.8μm when a large amount of 
primary α-AlFeMnSi forms. Nucleation of eutectic α-AlFeMnSi initiates on the 
primary α-AlFeMnSi particle when primary α-AlFeMnSi presents, otherwise it 
nucleates after the formation of α-Al. Despite the large undercooling required for the 
nucleation of primary α-AlFeMnSi, more homogenised liquid and longer diffusion 
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time are both required to achieve a stable nucleation embryo which is then able to 
undergo free growth. In the last chapter, a novel grain refiner will be developed to 
overcome this issue and enhance the nucleation of Fe-IMCs. 
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Chapter 5 Effect of Magnesium Addition on Fe-rich 
Intermetallic Compounds 
Mg, as a common alloying element in many Al alloys, has a significant influence on 
the solidification behaviour and microstructure, including secondary phases and 
intermetallic compounds (Wang and Davidson, 2001; Caceres et al., 1999; Samuel et 
al., 1998; Samuel and Samuel, 1997; Joenoes and Gruzleski, 1991). This chapter 
focuses on the impact of Mg content on the formation, morphology and structure of 
microstructure of Fe-IMCs in Al-Fe-Mn and Al-Si-Fe-Mn alloys, characterised using 
OM, SEM and TEM. The morphology evolution, characterization and mechanism of 
the influence of Mg content will be presented. 
5.1 Solidification microstructure of Mg-containing Al Alloys 
5.1.1 Phase Diagram Calculation 
The CAlPHAD approach was adopted to predict the effect of Mg content on the 
solidification sequence, phase transformations and phase volume fraction. It was 
performed with Pandat
TM
 8.2 using thermodynamic data from PanAl2013 database. 
The calculated equilibrium phase diagrams at the cross section of Al-1.2Fe-0.7Mn-
xMg (x=0-8wt.%) and Al-2Si-1.2Fe-0.7Mn-yMg (y=0-6%) are presented in Fig. 5.1a 
and Fig. 5.1b, respectively. In Al-1.2Fe-0.7Mn-xMg alloy, Al13Fe4 solidifies as the 
primary phase followed by the formation of Al13Fe4/α-Al eutectic, and a minor 
amount of Al6(Fe,Mn) forms during the last stage of solidification or during solid 
state transformation depending on the Mg composition. However, microstructure 
observation (see section 5.1.2) suggests that Al6(Fe,Mn) is the predominant Fe-IMC 
instead of Al13Fe4 in TP-1 samples. Therefore a phase diagram that suppresses the 
Al13Fe4 phase and allows Al6(Fe,Mn) phase was calculated with Pandat
TM
 8.2 
(indicated with red dash lines in Fig. 5.1a); the eutectic composition of intermediate 
Al6(Fe,Mn) phase is 5.25wt.% Mg, while the eutectic point is at 1.45wt.% Mg when 
Al13Fe4 is not supressed in this system. In Al-2Si-1.2Fe-0.7Mn-yMg alloy (Fig. 5.1b), 
α-AlFeMnSi solidifies as primary phase followed by the formation of α-Al/α-
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AlFeMnSi eutectic and a small amount of β-AlFeSi, Mg2Si or Al13Fe4 forms 
depending on the Mg concentration during the last stages of solidification. The α-
AlFeMnSi was found to be the predominant Fe-IMC in microstructure of TP-1 
sample with more than 40K superheat (see section 5.1.2). 
 
Figure 5.1 The cross section of equilibrium phase diagram for (a) Al-1.2Fe-0.7Mn-xMg (red 








Figure 5.2 Comparison of volume fractions of Fe-IMCs and α-Al in (a) Al-1.2Fe-0.7Mn 
alloy with Fe-IMCs supressed to form Al6(Fe,Mn) and (b) Al-2Si-1.2Fe-0.7Mn alloy at 
various Mg contents with Pandat
TM
 8.2 under Scheil rule. α-Fe represents α-AlFeMnSi. The 
volume fraction of Fe-IMCs and α-Al are shown indicated with solid lines and dash lines, 
respectively. In Al-1.2Fe-0.7Mn alloy, Mg contents at 0.004, 1.3, 3.2 and 6.0wt.% are shown 
in black, blue, green and red respectively; in Al-2Si-1.2Fe-0.7Mn alloys, Mg contents at 0.01, 
1.2, 3.0 and 5.4wt.% are shown in black, blue, green and red, respectively. 
 
The comparisons of volume fractions of Fe-IMCs and α-Al at different Mg contents 
in both alloy systems are shown in Fig. 5.2. For Al-1.2Fe-0.7Mn alloy, Al6(Fe,Mn) 
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was the stable phase according to the equilibrium phase diagrams. Fig. 5.2a shows 
that the amount of Al6(Fe,Mn) increased gradually from 4.4vol.% (0.004wt.% Mg) to 
4.7vol.% (1.3wt.% Mg), to 5.2vol.% (3.2wt.% Mg) and finally reaches 5.8vol.% 
(6.0wt.% Mg), even though Mg does not participate in the formation of Al6(Fe,Mn) 
or other Fe-IMCs in this system. Meanwhile, increased Mg content allows for a 
larger formation temperature range (Fig. 5.2a) which almost doubled from 39.7˚C at 
0.004twt.% Mg to 76.5˚C at 6.0wt.% Mg. For Al-2Si-1.2Fe-0.7Mn alloys, there is no 
eutectic point for Fe-IMCs in this system range that is investigated (Fig.5.1b). Fig. 
5.2b shows that the total volume fraction of Fe-IMCs were essentially unaffected by 
the Mg addition (from 3.16vol.% at 0.01wt.% Mg to 3.23vol.% at 5.4wt.% Mg). 
However, a higher Mg content allows a much larger temperature range for the 
primary α-AlFeMnSi transformation, which increased from 11.05˚C at 0.01wt.% Mg 
to 19.65˚C, 32.84˚C and then 51.57˚C at 1.3wt.%, 3.1wt.% and 5.4wt.% of Mg. 
5.1.2 Microstructure Evolution with Various Mg Additions 
5.1.2.1 α-Al 
TP-1 was chosen in the experiment for a repeatable cooling rate which allows 
comparable result when Mg content in the alloys varied. Both Al-1.2Fe-0.7Mn-xMg 
and Al-2Si-1.2Fe-0.7Mn-yMg alloys were cast at 720˚C with 50–70K and 45–55K 
superheat (Fig. 5.1) for Al-1.2Fe-0.7Mn alloys and Al-2Si-1.2Fe-0.7Mn alloys, 
respectively.  
As shown in Fig. 5.3, with the increased Mg content from 0.004wt.% Mg to 6.0wt.% 
Mg the solidification microstructure was reduced from 1336±209μm  to 513±80μm 
and from 1233±238μm (0.01wt.% Mg) to 945±68μm (5.4wt.% Mg) in Al-Fe-Mn-
xMg and Al-2Si-1.2Fe-0.7Mn-yMg alloys (Fig. 5.4), respectively. Equiaxed 
dendritic grains were observed on both cross and vertical sections of all four TP-1 
samples with no grain refiner, except in the areas ranging 0-5mm away from mould 
wall. The effect of different Mg content seems to be less significant when silicon is 
present, as the grain size change was more significant in Al-1.2Fe-0.7Mn alloys 
(change of 823μm when Mg increases to 6.0 wt.%) compared with Al-2Si-1.2Fe-




Figure 5.3 Microstructure of the cross section of TP-1 samples cast with superheat  ranging 
50K-70K showing the effect of Mg content on grain structure of Al-1.2Fe-0.7Mn alloy with 
(a) 0.004wt.%, (c) 1.3wt.%, 3.2wt.% and (e) 6.0wt.% of Mg, and Al-2Si-1.2Fe-0.7Mn alloy 
with (b) 0.01wt.%, (d)1.3wt.%, (f) 3.1wt.% and 5.4wt.% of Mg. 
 
The SDAS is an important factor affecting the solidification of secondary phase (Fe-




Figure 5.4 Microstructure of the cross section of TP-1 samples cast with superheat  ranging 
50K-70K showing the effect of Mg content on SDAS of Al-1.2Fe-0.7Mn alloy with (a) 
0.004wt.%, (c) 1.3wt.%, 3.2wt.% and (e) 6.0wt.% of Mg, and Al-2Si-1.2Fe-0.7Mn alloy 
with (b) 0.01wt.%, (d)1.3wt.%, (f) 3.1wt.% and 5.4wt.% of Mg. Double-line arrows and 
single-line arrows in (d) indicate the primary dendrite arms and secondary dendrite arms, 
respectively.  
alloys (Caceres et al., 1999; Samuel and Samuel, 1995). It was taken into 
consideration for understanding the solidification behaviour of secondary 
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intermetallics. The SDAS appears to be effected by Mg addition in both alloys. Fig 
5.4 shows the optical micrographs of Al-1.2Fe-0.7Mn-xMg and Al-2Si-1.2Fe-0.7Mn 
yMg alloys taken from the same area from different TP-1 samples.  It shows that the 
secondary phases are mainly at the inter-dendritic regions, but also a considerable 
amount of secondary phases were observed within the grain or the dendrites. Fig. 5.4 
shows that the effect of Mg is more effective in Al-Fe-Mn alloys, leading to a more 
significant decrease from 41.9 in SDAS compared with that of Al-Si-Fe-Mn when 
Mg content increases. 
 
Figure 5.5 Polarized light optical micrograph of α-Al dendrites in Al-2Si-1.2Fe-0.7Mn-
3.2Mg alloy showing the dendrite arms coarsening mechanisms of three potential 
mechanisms including competitive growth, coalescence and ripening. 
 
During the dendritic growth of α-Al, the coarsening of dendrites arm has been 
observed. As shown in Fig. 5.5, the highlighted regions indicate the coarsening 
including competitive growth, coalescence and ripening (which is sometimes 
considered to be remelting process) (Li, Brody and Kazimirov, 2004; Diepers, 
Beckermann and Steinbach, 1999; Mortensen, 1991; Flemings, 1974). The dendrite 
coarsening was observed in various Mg contents for both Al-Fe-Mn and Al-Si-Fe-
Mn alloys. It appears that the heat gradient in TP-1 casting is not relevant as the 
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coarsening is observed on both vertical and cross sections of TP-1 sample (defined in 
Section 3.2.1). 
5.1.2.2 Fe-IMCs 
The microstructures of Al-1.2Fe-0.7Mn-xMg alloy with various Mg contents are 
presented in Fig. 5.6. The microstructures consist of not only Al6(Fe,Mn)/α-Al 
eutectic but also significant amount of primary α-Al in all the compositions in 
current alloy system (eutectic point was suggested by the phase diagram in Fig. 5.1a). 
The Al6(Fe,Mn) phase in Al6(Fe,Mn)/α-Al eutectic exhibits a rod-like morphology 
when there is no Mg content (Fig. 5.6a), which is consistent with Hunt’s observation 
(Hunt and Jackson, 1966). When Mg was introduced to the alloy, eutectic Al6(Fe,Mn)  
 
Figure 5.6 Optical microscopy images at the same magnification showing the microstructure 
of TP-1 sample of Al-1.2Fe-0.7Mn alloy with (a) 0.004wt.% Mg (inserted micrograph 
showing the morphology of Fe-IMC eutectic at higher magnification), (b) 1.3wt.% Mg, 
3.2wt.% Mg and 6.0wt.% Mg addition. Dark grey phase shows a stoichiometry of Al6(Fe,Mn) 
examined with SEM/EDS, and the dark area is α-Al matrix. Coarsened eutectic lamellar tips 




with dot-like morphology (Fig. 5.6a) started to evolve into a lamellar morphology 
and build up interconnections between Al6(Fe,Mn) eutectic lamellae (Fig. 5.6b-c). 
This phenomenon became more significant as Mg content in the alloy increases. 
Eventually, its transverse section exhibits a script-like morphology (Fig. 5.6d). 
The actual morphology of Fe-IMCs can be misleading from 2D observation 
(Puncreobutr et al., 2014; Dinnis, Taylor and Dahle, 2005; Kuijpers et al., 2002); 
therefore 3D observation was performed with deep-etched samples. As shown in Fig. 
5.7, the length of Al6(Fe,Mn) is much longer in one direction, compared to its cross 
section (double sided arrow in Fig. 5.7d), and have a preferred growth orientation 
(single arrow in Fig. 5.7d). 3D observation reveals that eutectic Al6(Fe,Mn) tends to 
develop from needle-like morphology (Fig. 5.7a) into a lamellar morphology (Fig. 
5.7b) with Mg addition. Meanwhile, as the Mg content increases, the eutectic 
 
Figure 5.7 SEM micrographs showing the 3D morphology of Al6(Fe,Mn) in deep-etched 
TP-1 samples of Al-1.2Fe-0.7Mn alloy with (a) 0.004wt.%, (b) 1.3wt.%, (c) 3.2wt.% 
(inserted micrograph showing the morphology of Al6(Fe,Mn) from longitudinal direction of 
the eutectic) and (d) 6.0wt.% Mg addition. Single solid arrows indicate the preferred growth 
orientation, whilst the double-sided dash line arrows indicate the interconnection orientation. 




Figure 5.8 SEM micrographs showing the 3D morphology of (a) rod-like Al6(Fe,Mn) (b) 
rod-like Al6(Fe,Mn) with attached branches on cross-section and (c) rod-like Al6(Fe,Mn) 
with attached branches on longitudinal direction in Al-1.2Fe-0.7Mn-3.2Mg alloy with CA 
(0.8K/s) condition; (d) optical micrograph showing both parallelogrammatic and branched 
Al6(Fe,Mn) (characterized with SEM/EDS). Solid arrows alongside of Al6(Fe,Mn) rod 
indicate its preferred growth orientation. 
 
lamellae’s growth on cross orientation (double sided arrow in Fig. 5.7b) was further 
facilitated, which lead to a well-developed lamellar interconnections observed from 
preferred growth orientation (Fig. 5.7c). 
In order to have an insight into the effect of cooling rate on Al6(Fe,Mn),  the 
microstructure observation was performed on Al-1.2Fe-0.7Mn-3.2Mg alloy with CA 
condition (0.8K/s). The Al6(Fe,Mn) particles has a hollowed rod (Fig. 5.8a), 
branched rod (Fig. 5.8b) and interconnected lamellar 3D morphologies (Fig. 5.8c 
and Fig. 5.8d). The transition from rod-like morphology to lamellar morphology is 
also observed in Fig. 5.8c. Although the alloy composition was the same, slower 
cooling rate (0.8K/s) encourages the formation of rod-like Al6(Fe,Mn). For Al-2Si-
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1.2Fe-0.7Mn-yMg alloys, the slower cooling rates (≤0.8K/s) encourage the formation 
of primary α-AlFeMnSi, as demonstrated in section 4.3.2; therefore it will not be 
presented here. 
 
Figure 5.9 Optical microscopy images at the same magnification showing the microstructure 
of TP-1 sample of Al-2Si-1.2Fe-0.7Mn alloy with (a) 0.01wt.% Mg (inserted micrograph 
showing the morphology of Fe-IMC eutectic at higher magnification), (b) 1.3wt.% Mg, 
3.1wt.% Mg and 5.4wt.% Mg addition. Light grey phase shows a stoichiometry of 
Al12(Fe,Mn)3Si examined with SEM/EDS, and the dark area is α-Al matrix. α-AlFeMnSi, 





 indicate the primary and secondary lamellae of eutectic α-AlFeMnSi, 
respectively. Coarsened eutectic lamellar tips are indicated with red dash circles. 
 
For Al-2Si-1.2Fe-0.7Mn-yMg alloys, the influence of Mg content was. Fig 5.5 shows 
that the microstructures have a both eutectic α-AlFeMnSi/α-Al and primary α-Al in 
the at various Mg contents in this alloy system, although it is the formation of 
primary α-Al is not suggested according to the calculated equilibrium phase diagram 
(Fig. 5.1b). Eutectic α-AlFeMnSi exhibited a mixed rods and lamellae morphology 
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when there is minor amount (0.004wt.%) of Mg. When additional Mg of 1.26wt.%, 
3.1wt.% and 5.4wt.% were introduced to the alloy, α-AlFeMnSi’s individual lamella 
developed connections to each other and evolved to a script-like structure which 
often described as Chinese-script or skeleton depending on observation direction. For 
these Chinese-script α-AlFeMnSi eutectics, normally there is a primary 
lamella/branch (see 1
st
 double-line in Fig 5.9d and double-line arrow in Fig. 5.10d) 
and secondary lamella/branch deviated from primary lamella/branch to other 
orientation (see 2
nd
 solid-line arrow in Fig. 5.9d and solid-line arrow in Fig. 5.10d). 
Two examples in Fig. 5.10d indicates 45˚ and 90˚ angle between primary lamellae 
(double-line arrow) and secondary lamellae (solid-line arrow). Additionally, some 
Mg-containing phases, such as π-AlMgFeSi (Fig. 5.9b) and Mg2Si (Fig. 5.9c), start 
to solidify as Mg content increases, in agreement with the phase diagram prediction 
(Fig. 5.1b).  
 
Figure 5.10 SEM micrographs showing the 3D morphology of α-AlFeMnSi in deep-etched 
TP-1 samples of Al-2Si-1.2Fe-0.7Mn alloy with (a) 0.01wt.%, (b) 1.3wt.%, (c) 3.1wt.% and 
(d) 5.4wt.% Mg addition (inserted micrograph showing the branching area). Single-line 
arrow and double-line arrow indicate primary and secondary lamellae, respectively.  
(a) (b) 
(c) (d) 
10 μm 20 μm 
10 μm 20 μm 
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The 3D observations of α-AlFeMnSi are shown in Fig. 5.10. The α-AlFeMnSi 
lamellae tend to grow preferably on the directions (double-line arrow in Fig. 5.10d), 
showing a strong anisotropy. The α-AlFeMnSi lamellae tend to have a coarsened tip 
(see red dash-line circles in Fig. 5.10a and Fig. 5.10d) which are likely to form 
interconnections at the coarsened areas according to observation (see red dash-line 
circles in Fig. 5.9b-d). With the increased Mg content, this coarsening effect at 
branch tips became more significant, and these lamellae tend to develop from mixed 
rod-lamellar morphology into lamellar morphology. 
5.2 Phase Identification 
The identification of main phases has been carried out with SEM/EDS, TEM/EDS 
and SAED. As shown in Fig. 5.11, the EDS analysis shows that only Al, Fe, Mn and 
a negligible amount of carbon were detected on Al6(Fe,Mn) EDS point analysis in 
Al-1.2Fe-0.7-3.2Mg alloy. However, Mg was sometimes detected with point analysis  
 
Figure 5.11 (a) Microstructure of Al-1.2-0.7Mn-3.2Mg alloy by TP-1 casting; (b) example 
of SEM/EDS point analysis peaks of Al6(Fe,Mn) in (a); (c) high-magnification of squared 
area in (a) showing the area of line scan indicated with solid arrow; (d) elements 




Figure 5.12 (a) Microstructure of Al-2Si-1.2-0.7Mn-3.1Mg alloy by TP-1 casting; (b) 
example of SEM/EDS point analysis peaks of α-AlFeMnSi in (a); (c) high-magnification of 
squared area in (a) showing the area of line scan indicated with solid arrow; (d) elements 
concentration peaks corresponding to the scanning line shown in (c). 
 
on Al6(Fe,Mn) particles. The EDS line scan shown in Fig. 5.11d suggests that the 
concentration of the elements change gradually and became relatively stable when 
the analysis area is at the centre of the compound. Al, Fe, Mn and Si were the only 
elements observed (Fig. 5.12) in α-AlFeMnSi in Al-2Si-1.2Fe-0.7Mn-3.1Mg alloy, 
and Mg content was sometimes detected in the EDS analysis on α-AlFeMnSi. The 
Mg content variation in Fe-IMC is possibly due to limited resolution or the 
difference between electron interaction area of secondary electron signal and EDS 
signal. Therefore, the EDS analysis result on the coarse eutectic lamellae was 
considered more reliable. 
Chemical makeup of Fe-IMCs and α-Al matrix in Al-1.2Fe-0.7Mn-xMg alloys and 
Al-2Si-1.2Fe-0.7Mn-yMg alloys with various Mg contents are shown in Table 5.1 
and Table 5.2, respectively. The increasing Mg content did not have a significant 
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impact on the chemical composition of Al6(Fe,Mn), and the stoichiometry formulas 
obtained from EDS analysis are shown in Table 5.1. A moderate amount of Mg was 
detected during EDS point analysis of Fe-IMC particles, although Mg solid solution 
has not been reported for Al6(Fe,Mn). For Al-2Si-1.2Fe-0.7Mn-yMg alloys, EDS 
results in Table 5.2 suggest a stoichiometry of Al12(Fe,Mn)3Si for α-AlFeMnSi when 
Mg content is at higher level (5.4wt.%) (Ji et al., 2013a; Sun, Kang and Koo, 2000). 
However, when Mg composition decreased, the stoichiometry of α-AlFeMnSi varied 
and became Al15(Fe,Mn)3Si2; meanwhile, Mn and Fe remain at a similar level in the 
Fe-IMC as Mg content reduces. This stoichiometric transition is observed in Mg-free 
Al alloys with different Si content (Kim et al., 2006; Dinnis, Taylor and Dahle, 2005; 
Narayanan, Samuel and Gruzleski, 1994). 
Table 5.1 The chemical compositions of Al6(Fe,Mn) and matrix in Al-1.2Fe-0.7Mn 
alloy with various Mg contents by SEM/EDS analysis. 
Areas Mg Content Al (at.%) Mg (at.%) Mn (at.%) Fe (at.%) 
Al6(Fe,Mn)  
0.004wt.% Bal. 0 2.9±2.3 11.8±2.6 
1.3wt.% Bal. 0.9* 2.9±1.2 12.0±2.2 
3.2wt.% Bal. 1.2* 3.0±1.1 10.2±2.8 
6.0wt.% Bal. 2.6* 2.6±0.8 10.9±1.1 
Matrix 
0.004wt.% Bal. 0 0.1* 0.1* 
1.3wt.% Bal. 1.1±0.6 0.3* 0.1* 
3.2wt.% Bal. 2.8±0.8 0.1* 0.2* 
6.0wt.% Bal 5.4±1.3 0.2* 0.1* 




Table 5.2 The chemical compositions of α-AlFeMnSi and matrix in Al-2Si-1.2Fe-
0.7Mn alloy with various Mg contents by SEM/EDS analysis. 
Areas Mg Content Al Mg (at.%) Si (at.%) Mn (at.%) Fe (at.%) 
α-AlFeMnSi 
0.01wt.% Bal. 0 9.0±3.8 4.2±1.1 12.6±2.4 
1.3wt.% Bal. 1.01* 8.9±0.6 4.2±0.9 11.4±1.6 
3.1wt.% Bal. 1.54* 6.8±1.8 4.1±0.4 11.9±1.3 
5.4wt.% Bal. 1.36* 4.7±0.5 4.3±0.7 11.7±1.3 
Matrix 
0.01wt.% Bal. 0 0.9* 0.1* 0.2* 
1.3wt.% Bal. 1.30±0.6 0.9* 0.3* 0.3* 
3.1wt.% Bal. 2.34±0.6 0.3* 0.3* 0.1* 
5.4wt.% Bal 4.51±1.5 0.1* 0.2* 0.1* 
* Inaccurate readings with over 50% error suggested by TEAM EDS software. 
 
In Fig. 5.13, TEM observation on the interface area of Fe-IMC/α-Al in Al-1.2Fe-
0.7Mn-3.2Mg alloy shows the bright field (BF) image, high resolution (HR) image, 
SAED pattern and EDS results. In Al-1.2Fe-0.7Mn alloy with 1.3wt.% and 3.2wt.% 
Mg content, a bright layer (Fig. 5.13a) which was distinguished from Fe-IMC and 
matrix is often observed at interface areas of Fe-IMC/α-Al matrix. This layer has a 
range of thickness from 2 to 20nm according to BF image observation. HR 
observation of Mg-rich area is shown in Fig. 5.13b, showing an interface that is 
different from the sharp interface of faceted Fe-IMC particles. As shown in Fig. 
5.13c the selected area electron diffraction (SAED) pattern from the centre of Fe-
IMC did not suggest two set of patterns. The SAED pattern was indexed according to 
Al6(Fe,Mn) with a orthorhombic structure, space group of Cmcm and lattice 
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parameter of a=7.4986, b= 6.495, c= 8.837, α=β=90˚ and γ=107.7˚, as identified by 
Barlock (Barlock and Mondolfo, 1975) and further confirmed by Young (Young and 
Clyne, 1981;). The inserted table in Fig. 5.13 shows the chemical compositions of 
Al6(Fe,Mn)/α-Al interface area, where three separate analysis points were acquired, 
showing that there is no Mg detected in Al6(Fe,Mn) particle and the α-Al matrix’s 
Mg content is at 2.8±0.8wt.%, but the Mg content of bright layer reached 
6.1±2.1wt.%.  
 
Figure 5.13 TEM images of Al-1.2Fe-0.7Mn-3.2Mg TP-1 sample showing (a) the bright 
field image of Al6(Fe,Mn)/α-Al interface, (b) the high resolution image of Al6(Fe,Mn) /Mg-
rich/α-Al area, (c) the index SAED pattern of Al6(Fe,Mn) on the zone axis of [1-12], (d) the 
TEM/EDS peaks of Mg-rich phase on the interface of Al6(Fe,Mn)/α-Al indicated with arrow 
in (a). The inserted table showing the average value of chemical composition of Fe-IMC, 
Mg-rich layer and Al matrix of the interface area acquired from 6 interface areas by 




5.3 Quantification with Various Mg Additions 
This section will demonstrate some quantitative relations between the microstructure 
evolutions and Mg contents in both Al-1.2Fe-0.7Mn-xMg and Al-2Si-1.2Fe-0.7Mn-
yMg alloys. 
5.3.1 Grain size 
As shown in Fig. 5.14, it is clear that Mg promotes grain refinement at a cooling rate 
of 3.5K/s. In Al-1.2Fe-0.7Mn-xMg alloys, Mg addition shows a considerable effect 
on reducing grain size which decreased from 1336±209μm (0.004wt.% Mg) till 
513±80μm (6.0wt.% Mg). Meanwhile, when 2.0wt.% Si added to Al-Fe-Mn alloy, it 
shows a minor grain size reduction from 1336±209 to 1233±238μm.  
 
Figure 5.14 Mean grain size of α-Al in Al-1.2Fe-0.7Mn alloys (red) and Al-2Si-1.2Fe-
0.7Mn alloys (blue) as a function of Mg composition. Error bars show the standard deviation 
of each point; and inserted numbers represent the mean value of each data point. 
 
On the other hand, Mg in Al-2Si-1.2Fe-0.7Mn-yMg alloys, showed a very small 
effect on the grain size, and the grain size reduced to 1068±97μm (1.3wt.% Mg) and 
followed by a modest decrease to 945±68μm (5.4wt.% Mg). Interestingly, the effect 
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of Mg content on the α-Al grain size reduction is more moderate in Al-2Si-1.2Fe-
0.7Mn-yMg alloys compared with Al-1.2Fe-0.7Mn-xMg alloys. 
5.3.2 Secondary Dendrite Arm Spacing (λ2) 
Secondary Dendrite Arm Spacing (SDAS), denoted as λ2, was taken into 
consideration due to its correlation with secondary phase morphology and particle 
distribution of secondary phases (Fe-IMCs in this study) (Sivarupan, Caceres and 
Taylor, 2013; Caceres et al., 1999; Samuel and Samuel, 1995). The SDAS is 
dependent on the cooling rate and can also be controlled by alloy composition 
(Sivarupan, Caceres and Taylor, 2013; Dobrzański, Borek and Maniara, 2006).  The 
SDAS is normally described by the semi-empirical relation (Samuel et al., 1998; 
Gustafsson, Thorvaldsson and Dunlop, 1986): 
𝜆 = 𝐴?̇?𝑛                                                     (5.1) 
where A and n is alloy composition dependent factor (Caceres et al., 1999; Young 
and Kerkwood, 1975) and ?̇? is cooling rate. As shown in Fig. 5.15, the SDAS was 
measured as a function of Mg composition in Al-1.2Fe-0.7Mn-xMg and Al-2Si-
1.2Fe-0.7Mn-yMg alloys. The Mg addition decreased the SDAS of both alloys, and  
 
Figure 5.15 The mean SDAS of α-Al in Al-1.2Fe-0.7Mn alloy (red) and Al-2Si-1.2Fe-
0.7Mn alloy (blue) as a function of Mg composition. Error bars show the standard deviation 
of each point; and inserted number represents the mean value of each data point.  
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at 2.0wt.% of Si leads to 20% decrease in SDAS of Al-1.2Fe-0.7Mn alloy. The 
SDAS of Al-1.2Fe-0.7Mn-xMg alloys decreased quickly from 41.9±6.6μm (0.004wt.% 
Mg) to 30.1±5.1μm (1.3wt.% Mg), and followed by a moderate decrease to 
24.2±5.4μm as Mg content rises to 6.0wt.% Mg. On the other hand, as Mg contents 
increases the SDAS of Al-2Si-1.2Fe-0.7Mn-yMg alloys show a les significant 
decreasing trend, which decreased from 32.1±4.6μm with 0.01wt.% Mg addition to 
19.3±2.3μm with 5.4wt.% Mg addition. ` 
5.3.3 Eutectic Lamellar Spacing (λa) 
As established previously, there is a noticeable change at morphology of Fe-IMCs 
with the addition of Mg. Eutectic lamellar spacing (λEu) that is also applicable for 
irregular eutectic (Gündüz et al., 2004; Liu and Shang, 1992; Hunt and Jackson, 
1966), is introduced here to demonstrate the morphology evolution as a function of 
Mg composition. As introduced in section 3.5.3, λa describes the minimum lamellar 
spacing and λM describes maximum lamellar spacing. As shown in Fig. 5.16, in Al-
1.2Fe-0.7Mn-xMg alloys, the average λa increased gradually from 1.3±0.3μm at  
 
Figure 5.16 The mean Fe-IMC eutectic lamellar spacing λa (bottom of the branch) and λM 
(tip of branch) of Al-1.2Fe-0.7Mn alloys (red triangle) and Al-2Si-1.2Fe-0.7Mn alloys (blue 
cubic) as a function of Mg composition. The measurement areas are consistent with grain 
size measurement and SDAS measure. Linear trend lines are fitted on λa (solid line) and λM 




Figure 5.17 Grain size of α-Al (solid line) and SDAS of α-Al (dash line) as a function of Fe-
IMC eutectic lamellar spacing (λa) in both Al-1.2Fe-0.7Mn-xMg (Q4) (in red) and Al-2Si-
1.2Fe-0.7Mn-yMg (Q5) (in blue). 
 
0.004wt.% Mg to 2.9±0.8μm at 6.0wt.% Mg; and the λM, which was averagely 1.41 
times larger than λa, increased from 1.8±0.3μm at 0.004wt.% Mg to 4.5±0.8μm 
6.0wt.% Mg. In the Al-2Si-1.2Fe-0.7Mn-yMg alloys, the average λa increase 
continuously from 1.4±0.3μm with 0.01wt.% Mg to 3.3±0.8μm with 5.4wt.% Mg; 
and the λM, which was about 1.42 times larger than λa, increased from 1.9±0.3μm 
with 0.01wt.% Mg to 5.1±0.8μm with 5.4wt.% Mg. 
The correlations of Fe-IMC’s eutectic lamellar spacing to α-Al grain size and SDAS 
was summarized and shown in Fig. 5.17. The minimum lamellar spacing (λa) is used 
here (Fig. 5.17) to avoid the effect caused by the coarsening of the lamella tips (dash-
line circles in Fig. 5.6 and Fig. 5.9). The grain size and SDAS decreased as the 
lamellar spacing increases, and the decrease in Al-1.2Fe-0.7Mn-xMg appears to be 
more severe when lamellar spacing increases compared with Al-2Si-1.2Fe-0.7Mn-
yMg. Unfortunately, the colony sizes of Fe-IMCs were not measured as 2D 
observation cannot represent the actual colony size in 3D observation due to the 




5.4.1 Effect of Mg content on Solidification Sequence  
As there are some disagreement between thermodynamic calculations and the 
experimental observation for both Al-1.2Fe-0.7Mn-xMg and Al-2Si-1.2Fe-0.7Mn-
yMg alloys, the solidification sequence was summarised by analysing the 




For the Al-1.2Fe-0.7Mn-xMg alloy, the predominant Al6(Fe,Mn) (Fig. 5.6) suggests 
that Al6(Fe,Mn), is the preferred phase in non-equilibrium solidification (TP-1 
condition) compared with the equilibrium phase Al13Fe4 (Fig. 5.1a). As Al13Fe4 was 
not observed in the microstructure regardless of the casting condition, Al13Fe4 did not 
nucleate. Once Al13Fe4 is supressed, Al6(Fe,Mn) appears to be the preferred phase 
with Pandat
TM
, which suggests that the metastable Al6(Fe,Mn) is highly likely to 
replace Al13Fe4 and form in Al-1.2Fe-0.7Mn-xMg alloy in non-equilibrium 
conditions. The difficulty in nucleation for Al13Fe4 may also be the reason for the 
suppression of primary Al6(Fe,Mn) (Fig. 5.6) at hypo-eutectic alloy composition (Fig. 
5.1a). When the cooling rate decreases (≤ 0.8K/s), the rod-like primary Al6(Fe,Mn), 
showing parallelogrammatic morphology in 2D, nucleated with CA (Fig 5.8a) and 
CF conditions (Fig. 5.8d). This suggests that the nucleation of primary Al6(Fe,Mn) 
can be facilitated at lower cooling rate (≤ 0.8K/s). Due to the relatively lower 
nucleation barrier, α-Al nucleated firstly during TP-1 casting leading to increase in 
solute concentration in the remaining liquid during α-Al growth. Consequently, as 
the solute concentration increases in remaining liquid, the driving force for diffusion 
of solute atoms to the nucleation embryo should be increased, and eventually the 
critical radius of Al6(Fe,Mn) nucleus can be achieved. Then the Al6(Fe,Mn) nucleus 
can start free growth. Al6(Fe,Mn)/α-Al eutectic form at the primary Al6(Fe,Mn) grain 
boundaries or between α-Al dendrite arms. Given above, the non-equilibrium 
solidification sequence is summarised as: 
when the x ≥3.2wt.% 
L → Al6(Fe,Mn)                                                                                   (reaction (R) 5.1) 
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L1/L → α-Al + Al6(Fe,Mn)                                                                                    (R5.2) 
when the x <3.2wt.% 
L → α-Al                                                                                                               (R5.3) 
L1 → α-Al + Al6(Fe,Mn)                                                                                       (R5.4) 
where the primary reaction R5.1 is dependent on the cooling rate (≤0.8K/s), and the 
critical x is semi-empirical value based on microstructural observation of Al-1.2Fe-
0.7Mn-xMg alloys (Fig. 5.8). It appears that the increasing Mg content can increase 
the volume fraction of Al6(Fe,Mn) (Fig. 5.2a) even though Mg atoms do not 
participate in the Al6(Fe,Mn) compound. This correlation of Mg content and 
Al6(Fe,Mn) volume fraction is likely caused by the immiscibility between Mg and Fe 
(Liu et al., 2011). The formation reaction R5.1 is given in another form: 
L =  LAl + LMg + LFe + LMn ⇌ Al6(Fe,Mn)                                                            (R5.5) 
where Li (i=Al, Mg, Fe and Mn) represent liquid atoms. The non-ideal Fe-Mg 
interaction in liquid solute might eject Fe atoms out of the liquid which facilitated the 
reaction R5.5 to the right side. As the Mg content increases, more Fe atoms were 
ejected from the liquid since the solubility of Mg in Al (18.9wt.% at 450˚C) (Murray, 
1982) is much higher than that of Fe in Al (0.8wt.%) (Phillips, 1959). 
5.4.1.2 α-AlFeMnSi  
For Al-2Si-1.2Fe-0.7Mn-yMg alloy, α-AlFeMnSi was observed as the predominant 
Fe-IMC phase as Mg content varies. In TP-1 casting, the primary α-AlFeMnSi was 
not observed with Mg addition, although calculated phase diagram suggested that α-
AlFeMnSi is expected to form in Al-2Si-1.2Fe-0.7Mn-xMg system. Similarly to the 
suppression of primary Al6(Fe,Mn) phase in Al-1.2Fe-0.7Mn-xMg alloy, the 
nucleation of primary α-AlFeMnSi in Al-2Si-1.2Fe-0.7Mn-yMg was supressed in 
non-equilibrium solidification (TP-1 condition). This phenomenon was discussed in 
Section 4.4.2. Due to the insufficient solute diffusion the critical radius of primary α-
AlFeMnSi nucleation embryo cannot be reached during the TP-1 cooling. Similar to 
Al6(Fe,Mn)/α-Al eutectic, the nucleation of α-AlFeMnSi can finally occur when 
there is enough undercooling as the solute is concentrated from the growth of α-Al. 
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Combining the microstructure analysis and CALPHAD approach prediction, the 
solidification sequence can be suggested to be: 
L → α-AlFeMnSi + L1                                                                                          (R5.6) 
L1/L → α-Al + α-AlFeMnSi + L2,                                                                         (R5.7) 
when y < 2.20wt.% 
L2 → β-AlFeSi + α-Al + L2’                                                                                 (R6.8) 
L2’ → π-AlMgFeSi + α-Al;                                                                                   (R6.9) 
when 2.20wt.% ≤ y < 4.65%wt.% 
L2 → Mg2Si + α-Al + L2’;                                                                                   (R5.10) 
when y ≥ 4.65%wt.% 
L2 → Mg2Si + α-Al + L2’                                                                                    (R5.11) 
L2’ → Mg2Si + α-Al +Al6(Fe,Mn)                                                                      (R5.12) 
where the appearance of reaction R5.6 is dependent on the cooling rate (≤0.8K/s). 
The Mg only participates into the formation of Mg2Si and π-AlFeMgSi phase after 
the formation of α-AlFeMnSi, therefore the Mg content in remaining liquid after α-
Al is considered additive as it increases. The immiscibility of Fe-Mg and the residual 
Fe and Mn concentration variation are very likely to be the main reasons leading to 
the increase in the formation temperature range and morphology evolution of α-
AlFeMnSi/α-Al eutectics when Mg content in Al-2Si-1.2Fe-0.7Mn-yMg alloy 
changes. 
Thus, during TP-1 cooling the primary Fe-IMCs in Al-1.2Fe-0.7Mn-xMg and Al-
2Si-1.2Fe-0.7Mn-yMg alloys were suppressed due to the insufficient diffusion 
driving force at 3.5K/s cooling rate. Meanwhile increased Mg lead to a higher Fe-
IMC volume fraction as Mg dissolution in Al rejects more Fe atoms from the liquid. 
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5.4.2 Effect of Mg Addition on Microstructure of α-Al 
The microstructure of α-Al matrix can be a determining factor for the solidification 
behaviour including morphology and distribution of intermetallic compounds 
especially in hypo-eutectic alloys, since in hypo-eutectic alloys’ secondary Fe-IMCs 
only forms between the primary α-Al dendrite arms which then affect the 
morphology and distribution of secondary Fe-IMCs (Taylor, 2012; Caceres et al., 
1999; Samuel and Samuel, 1995). Grain size is reduced with Mg addition. The effect 
of superheat on grain size reduction is negligible in the current investigation as the 
casting superheat is higher than 40K and the difference is no greater than 20K. It is 
very important to address the enhanced nucleation by Mg addition as dispersed Mg 
oxides are ideal substrates for heterogeneous nucleation of α-Al (Li, Wang and Fan, 
2012). However, the current experimental observation does not show significant α-Al 
refinement by Mg addition presumably due to the insufficient wetting and severe 
agglomeration of Mg oxides particles. Thus the grain size reduction is believed 
mainly caused by growth restriction. 
Although α-Al grain size by itself was reported to have limited influence on the 
morphology of Fe-IMCs (Samuel and Samuel, 1995), it is used in this study to reflect 
the influence of elemental segregation which is defined as the constitutional-
supercooling parameter (P) (Tarshis, Walker and Rutter, 1971), at the growth front of 
α-Al and Fe-IMCs. Solutes are widely acknowledged for their outstanding 
contribution to growth restriction (Easton and Stjohn, 1999; Johnsson, 1995; Spittle 
and Sadli, 1995). The grain size reduction observed as Mg content increases agrees 
with the grain size prediction parameter P=∑mCo(k-1)/k (Kearns and Cooper, 1997; 
Johnsson, 1995; Tarshis, Walker and Rutter, 1971). The Fig. 5.17 shows that the α-
Al and Fe-IMC in both Al-1.2Fe-0.7Mn-xMg and Al-2Si-1.2Fe-0.7Mn-yMg alloys 
effectively show a linear relationship with increase of Mg content. The 
constitutional-supercooling parameter, which has a close relationship with α-Al grain 
size as solute content increases, might have an indirect relationship with Fe-IMC 
eutectic lamellar spacing. This to some extent supports the idea of solute segregation 
restricting the growth of Fe-IMCs causing growth restriction at the growth front. 
Assuming that the constitutional supercooling is a dominant factor for the growth of 
anisotropic Fe-IMCs, Hunt (Hunt, 1984), Rappaz and Thevoz (Rappaz and Thevoz, 
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1987), and Chai and Backrued (Chai, Bäackerud and Arnberg, 1995) developed an 





                                                (5.2) 
where A is a constant and V is the growth rate. Thus, as the Mg content increases, the 
solute concentrations (Ci, i = Fe, Mn and Si) will consequently decrease during the 
solidification of Fe-IMCs. This equation is not an additive function for 
multicomponent systems, but it should give a qualitative idea about the effect of 
solute concentration on the growth of multicomponent phases. 
The SDAS can be affected by many coarsening mechanisms, such as competitive 
growth, coalescence (Li, Brody and Kazimirov, 2004; Flemings, 1974), which 
consequently lead to SDAS increase (Fig. 5.5). Therefore, the measurement for 
average SDAS was performed at the initial point of dendrite arms (λ2) so that 
inaccuracies caused by coarsening can be reduced.  Generally, the primary α-Al 
dendrite has a direct influence on Fe-IMCs (Samuel and Samuel, 1995) that larger 
dendrite arm spacing tends to cause finer Fe-IMC morphology. At a constant cooling 
rate (3.5K/s), Mg appears to be an effective at reducing SDAS (Fig. 5.15), which is 
very likely to be one of the factors causing the Fe-IMCs’ morphology evolution with 
increased Mg content. More importantly, the equilibrium phase diagram (Fig. 5.2) 
suggests that the volume fraction of α-Al did not change significantly at varied Mg 
contents in both Al-1.2Fe-0.7Mn-xMg and in Al-2Si-1.2Fe-0.7Mn-yMg alloys. Thus, 
as Mg content either become solid solution in α-Al or rejected to remaining liquid 
melt during solidification, the Mg content in remaining liquid at the inter-dendritic 
regions can be additive as Mg content increases. Also, as the current alloys show a 
Fe-IMC/α-Al and primary α-Al mixed microstructure with various Mg addition, the 
amount of Fe and in remained the liquid at the α-Al inter-dendritic regions was 
considered at a similar level when Mg content varies. Thus, a reduction of Fe and Mn 
at the α-Al inter-dendritic regions can be encouraged as Mg content increases.  
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5.4.3 Effect of Mg Addition on Eutectic 
5.4.3.1 Morphology of Eutectics 
The effect of solute elements on Fe-IMCs is commonly reflected on three aspects: 
morphology evolution by changing SDAS (Caceres et al., 1999; Samuel and Samuel, 
1995), formation of new Mg containing Fe-IMC phases (Samuel et al., 1998; Samuel 
and Samuel, 1997) and solute segregation at the growth front of Fe-IMCs (Shabestari, 
Keshavarz and Hejazi, 2009; Shabestari et al., 2002; Samuel et al., 1999; Samuel et 
al., 1998). In current investigation, the Mg did not participate in the formation of 
Al6(Fe,Mn) and α-AlFeMnSi in Al-1.2Fe-0.7Mn-xMg and Al-2Si-1.2Fe-0.7Mn-yMg 
alloys, respectively. Thus, the morphology modification Al6(Fe,Mn) and α-
AlFeMnSi  was considered to be the result of segregated Mg content in the 
remaining liquid after the solidification primary α-Al and the solute segregation at 
the growth front of Fe-IMCs. Due to the complex 3D morphology of Al6(Fe,Mn) and 
α-AlFeMnSi (see Fig. 5.7 and Fig. 5.10), it is hard to determine the boundary of 
individual Fe-IMC particles. Subsequently, it is challenging to conclude the 
correlation of SDAS, α-Al grain size as a function of Fe-IMCs particle size.  
The eutectic lamellar morphology evolution of Fe-IMCs is significant with Mg. 
Firstly, the needle-to-lamella morphology transition of Al6(Fe,Mn) has been revealed 
by 3D observation (Fig. 5.7). As the Mg content increases the preferred growth 
orientation (indicated with solid arrow in Fig. 5.7c and Fig. 5.8a) of Al6(Fe,Mn) is 
suppressed, and then the growth towards less preferred orientations (the dash-line 
arrows indicated orientations in Fig. 5.7c and Fig. 5.7d) is facilitated. As a 
consequence, the interconnected lamellar morphology became more significant when 
Mg content increased. This phenomenon is believed to be the result of Mg content 
piling up at the interface because the more significant Mg segregation at the 
preferred growth orientation (higher growth velocity) compared with less preferred 
orientations (lower growth velocity). As the Mg segregation became severe during 
growth (Fig. 5.18), Fe and Mn become relatively lower causing a constitutional 
undercooling zone at the growth front to restrict the growth of Fe-IMC. As a result of 
this solute segregation (or Mg enrichment) at the growth interface, an Mg rich layer 
forms at the Fe-IMC/α-Al interface (Fig. 5.13). It is considered to form during 
solidification due to the considerable size (length > 300μm and 5μm < thickness < 
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20μm), and there is little time available for solid-state transformation. Secondly, the 
α-AlFeMnSi changes from a dot-lamella mixed morphology to a branched lamellar 
morphology. It may be explained with the same mechanism: the solute profile 
changing on the preferable branches facilitates the development of less preferred 
orientations, which consequently leads to this interconnected morphology.   
 
Figure 5.18 Schematic illustration of the solute concentration profile at the growth front of 
Fe-IMC particle. The equilibrium boundary layer was suggested in Chapter 4 according to 
the interface solute piling-up description by Kurz and Fisher (Kurz and Fisher, 1986).  
 
5.4.3.2 Eutectic Lamellar Spacing 
Lamellar spacing in eutectic structure is widely used as a common parameter for 
regular eutectic (Elliott, 2013; Hunt and Jackson, 1966), and in quantifying 
solidification behaviour of irregular eutectics (Gündüz et al., 2004; Magnin and Kurz, 
1987). Al6(Fe,Mn) and α-AlFeMnSi, as faceted phases, are expected to be irregular 
eutectic as the faceted phase tend to grow only along well-define planes and/or 
directions (Dantzig and Rappaz, 2009; Magnin and Kurz, 1987). Both Al6(Fe,Mn) 
and α-AlFeMnSi exhibit coarsened morphology at the tips of the lamellae (see Fig. 
5.6 and Fig. 5.9) without any contribution from Mg. This is a result of the 
enrichment of solute elements (Mg, Fe and Mn) at the growth interface as well as 

































1966). Relatively more rapid consumption of Al atoms than solute atoms forces Fe-
IMC to form thick lamellar is also an important factor that causes the coarsening. In 
order to fit the undercooling criteria for non-isothermal irregular growth (Hunt and 
Jackson, 1966), the growth of the lamellar branches next to preferred lamellar 
branches were restricted to maintain the lamellar spacing (λa) during growth. This 
results in incomplete growth of some lamellar branches and coarsening, especially at 
the tip of the lamellae preferred orientations. The difference between maximum 
lamellar spacing λM and minimum lamellar spacing λa is an outcome of incomplete 
growth and coarsening. Consequently, using λa is more representative of the actual 
lamellar spacing in a relatively more isothermal liquid.  
The eutectic lamellar spacing is often described with growth rate related function or 
undercooling related function (Magnin and Trivedi, 1991; Magnin and Kurz, 1987; 
Hunt and Jackson, 1966) given as: 
λ2𝑉 = 𝐾2/𝐾1,         𝜆 = 𝜆𝑒                      (5.3a) 
and                                                       𝛥𝑇 = 𝐾1𝜆𝑉 + 𝐾2/𝜆                                         
( 5 . 3 b ) 
For branched lamellar eutectic, Liu suggests that the revised Jackson/Hunt model 
provides the best fit for the measurement (Liu and Shang, 1992); and the parameters 
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)                                (5.5) 
where V is the growth rate, K1 is alloy dependent constant and K2 is curvature 
dependent constant. This addressed the effect of chemical composition on the growth 
of eutectic, which is often neglected by assuming very low cooling rate and perfect 
eutectic composition. Current experiment with various Mg content shows an 
increasing linear relationship between Mg composition and eutectic Fe-IMC’s 
lamellar spacing of eutectic Fe-IMCs (Fig. 5.16) while the cooling rate was constant 
(3.5K/s). It suggests that Mg composition has influence on ∆T and/or the constants 
(K1 and K2). As established, the increasing Mg content can lead to more significant 
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local solute segregation, which means the solute concentration of Fe or Mn C0 at the 
growth front was reduced at higher Mg contents. Since the other parameters are 
inherent properties of the system and significant change on ε was not observed, K1 of 
Fe-IMC/α-Al eutectic decreased and K2 remained the same. As the heat extraction 
rate and temperature gradient in TP-1 mould are the same, the parameter V is 
considered to be stable. Thus, the eutectic lamellar spacing of Fe-IMC/α-Al increases 
with a higher Mg content in current alloys. In order to gain the value of for Al-1.2Fe-
0.7Mn-xMg and Al-2Si-1.2Fe-0.7Mn-yMg alloys, the growth rate or heat extraction 
has to be measured in further work. 
Given that, the morphology modification by Mg is caused by severe Mg segregation 
at the growth front of facet Fe-IMCs especially at the preferred growth orientation 
and the eutectic lamellar spacing increase is caused by the same mechanism. 
5.4 Summary 
In this chapter, effect of Mg on the Fe-IMCs in Al-1.2Fe-0.7Mn-xMg and Al-2Si-
1.2Fe-0.7Mn-yMg alloys has been described in detail. Phase diagram calculation by 
Pandat
TM
 shows that in Al-1.2Fe-0.7Mn-xMg alloys the volume fraction of 
Al6(Fe,Mn) can increase from 4.8vol.% to 5.8vol.% as the Mg content increases to 
6.0wt.%; and in Al-2Si-1.2Fe-0.7Mn-yMg alloys the volume fraction of α-AlFeMnSi 
only increases from 3.1vol.% to 3.2vol.% when Mg content increased to 5.4wt.%. 
Although Mg does not participate in the formation of either Al6(Fe,Mn) or α-
AlFeMnSi directly, Mg tend to reject Fe atoms from the Al to form more Fe-IMCs 
due to the Fe-Mg interaction and better miscibility between Mg and Al compared 
with Fe and Al. Al6(Fe,Mn), as a metastable phase before Al13Fe4, is the predominant 
Fe-IMC phase in Al-1.2Fe-0.7Mn-xMg alloys, showing a consistent structure with 
Al6(Fe0.5Mn0.5) which has a orthorhombic lattice structure with lattice parameters of 
a=7.4986nm, b=6.495nm, c=8.837nm and γ=107.7˚. α-AlFeMnSi, as the 
predominant Fe-IMC phase in Al-2Si-1.2Fe-0.7Mn-yMg alloy, shows a consistent 
structure with body-centred cubic lattice structure with lattice parameter of 
a=1.256nm, Al19Fe4MnSi2. 
Mg content changes the morphology of Fe-IMCs significantly, especially Al6(Fe,Mn) 
which changed from a needle shape to interconnected lamellar morphology when Mg 
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composition increased. An Mg-rich layer with thickness of 5-20nm was commonly 
observed on the Fe-IMC/α-Al interface in the alloys with Mg addition. Cooling rate 
is very important to the solidification of Al-1.2Fe-0.7Mn-xMg and Al-2Si-1.2Fe-
0.7Mn-yMg alloys as they reach completely eutectic microstructure with cooling rate 
≥3.5K/s. In full eutectic microstructure, the increase of Mg content can increase 
eutectic lamellar spacing considerably. In Al-1.2Fe-0.7Mn-xMg alloys the eutectic 
lamellar spacing increased from 1.3±0.3µm to 2.9±0.8µm as Mg content rise to 
6.0wt.%. In Al-2Si-1.2Fe-0.7Mn-yMg the eutectic lamellar spacing increased from 1. 
±0.3µm to 3.3±0.8µm at the Mg content rise to 5.4wt.%. Due to the strong 
anisotropy of Fe-IMC crystals, the solute segregation Mg segregation on preferred 
growth orientation is more severe causing greater growth restriction on this 
orientation. Thus, the relative growth velocity on less preferred orientations becomes 
more significant. Considering Mg is insoluble to Fe-IMCs, the growth restriction can 
be more significant than other soluble elements. In addition, concentration of Fe 
and/or Si in Fe-IMCs (Al6(Fe,Mn) and α-Al12(Fe,Mn)3) can be reduced with 
increased Mg content and/or increased cooling rate due to the interactions between 





Chapter 6 Role of TiB2 Particles on the 
Solidification of Fe-rich Intermetallic Compounds 
Enhancing the nucleation of Fe-IMC and refining its morphology provide significant 
benefit through reducing their detrimental effect on the mechanical property of Al 
alloys, particularly secondary Al alloys. Considering the significant difficulty in 
nucleation of Fe-IMCs explained in previous chapters and the lack of effective 
nucleation catalyst, developing a grain refiner for Fe-IMCs becomes very important. 
The concept of composition templating for enhancing heterogeneous nucleation will 
be introduced in this part of the research. This chapter is dedicated to understanding 
the nucleation behaviour of α-AlFeMnSi in Al-5Mg-2Si-1.2Fe-0.7Mn alloy with the 
addition of surface modified TiB2 particles through a novel Al-Ti-B(Fe) master alloy. 
The experimental plan was to produce a novel master alloy Al-Ti-B(Fe) for 
nucleation enhancement of α-AlFeMnSi and to study the effect of this master alloy 
using slow cooling and water quench experiments. The TiB2 particles for 
heterogeneous nucleation should be surface modified during the preparation of novel 
master alloy Al-Ti-B(Fe) (described in section 3.1). Slow cooling experiment 
(described in section 3.2.2) was carried out by simply adding the Al-Ti-B(Fe) master 
alloy to the alloy melt and furnace cooling the melt in the electric resistance furnace 
until it fully solidified. Water quench experiment (described in section 3.2.5) used 
quartz tube to draw the liquid melt heated with induction furnace and quenched the 
quartz tube along with drawing the melt in a water tank.  
6.1 Al-Ti-B(Fe) Master Alloy 
In order to have uncontaminated and wetted surface on the TiB2 particles, the boride 
particles were synthesized in-situ at high temperature in a melts of Αl-Ti and Al-B 
master alloys molten in an electric resistance furnace and then cast into thin rods 
(described in details in Chapter 3). The microstructure of the Al-Ti-B(Fe) master 





Micrographs shown in Fig. 6.1 were taken from the vertical cross section of the thin 
plate sample so that the effect of gravity segregation can be avoided. The Fig. 6.1a 
shows that after holding for 8 hours at 900°C TiB2 particles (light grey particles) is 
the dominant phase in the microstructure, although there was some AlB2 (or 
(Al,Ti)B2) (dark grey particles) observed due to the excess boron in the Al-Ti-B(Fe) 
alloy. TiB2 particles tend to locate near the grain boundary forming a continuous 
“ring cluster”; except for these agglomerations where TiB2 particles were most often 
observed evenly distributed in the microstructure. AlB2 particles were normally 
observed in the form of clusters surrounded by TiB2 particle rings, although there are 
a few AlB2 found in the matrix by itself. The 2D morphology of in-situ synthesized 
TiB2 particles shown in Fig. 6.1b and Fig. 6.1c indicates a faceted morphology of the 
boride with particle size less than 10μm in diameter and less than 4μm in thickness. 
Meanwhile, Fig. 6.1b shows the TiB2 particles grow with the steps on their {0001} 
basal planes.  
It is very difficult to distinguish among the TiB2 (a=0.303nm, c=0.323nm (Johnsson 
and Eriksson, 1998), AlB2 (a=0.301nm, c=0.325nm (Hofmann and Jäniche, 1936)) 
and (Al,Ti)B2 whose lattice parameter is dependent on Ti/B ratio (Fjellstedt, Jarfors 
and Svendsen, 1999), due to their almost identical lattice parameters and the crystal 
symmetry (hexagonal). The (Al,Ti)B2, as a transition phase of the peritectic reaction 
from AlB2 to TiB2, requires high-resolution chemical analysis equipment (TEM/EDS) 
for its identification. In present investigation, the TiB2 in the microstructure is readily 
distinguished from AlB2 by the chemical composition obtained using SEM/EDS (Fig. 
6.1e and Fig. 6.1f). Sometimes a minor amount of Ti was detected on the boundary 
of these AlB2 particles, which suggests that the nominal AlB2 are possibly (Al,Ti)B2 
phase. In present study, the minor lattice parameter difference among AlB2, 
(Al,Ti)B2 and TiB2 should not affect the outcome of the experiment. The phase 
identification was carried out with XRD on the particle powder extracted from the 
master alloy by dissolving Al matrix using a 15 vol.% HCl aqueous solution. As 
shown in Fig. 6.2, the presence of Al and TiB2 is confirmed using the crystal 
information of FCC Al, hexagonal TiB2, respectively. Arguably, low intensity of 
tetragonal Al3Ti crystal was also detected, indicating a limited amount of free Ti can 
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exist in boron rich side of stoichiometric TiB2 (Cornish, 1975). Due to the almost 
identical crystal structures of AlB2 and TiB2, it is hard to confirm the existence of 
AlB2 by XRD as the diffraction peaks almost fully overlap. 
 
Figure 6.1 SEM micrographs showing (a) the microstructure of Al-Ti-B(Fe) master alloy, 
(b) the morphology of synthetic TiB2 (or AlB2) particles in 3D, (c) TiB2 particles in 2D and 
AlB2 (or (Al,Ti)B2) particles in 2D; SEM/EDS result showing the chemical composition of 
(d) the faceted TiB2 particles and (f) AlB2 (or (Al,Ti)B2) particles (gun voltage: 20kV). The 
TiB2 and AlB2 (or (Al,Ti)B2) particles are marked with black arrows. Growth steps were 





Figure 6.2 XRD line profile of Al-Ti-B(Fe) master alloy compared with the standard crystal 
information of relevant phase from Inorganic Crystal Structure Database of National 
Chemical Database Chemical (ICSD of CDS) using intensity (a.u.) for Y-axial. 
 
6.1.2 Fe Adsorption on (Al,Ti)B2 Particle 
The aim of designing this master alloy was to provide substrates modified with 
element adsorption layer on its surface to reduce the surface energy for 
heterogeneous nucleation (Fan, 2013). The Al-Ti-B(Fe) master alloy was held at 
900˚C for 8 hours during preparation, where Fe is expected to be fully dissolved in 
the melt. Fe atoms distributed homogeneously in the alloy melt, given its 




/s (Du et al., 2003)). Under the 
equilibrium state the maximum solubility of Fe in solid Al is 0.052wt.% (Edgar, 
1949), which means Al-Fe phase should be thermodynamically stable in Αl-Ti-B(Fe) 
master alloy that has Fe content of 0.5wt.%. The prepared master alloy was 
characterized with TEM to verify the adsorption behaviour of Fe or any other solute 




that there is segregation of a monolayer of atoms on the surface of the duplex 
(Al,Ti)B2 particle on the {10-10} planes of AlB2 substrate. Crystallographic indexing 
using SAED pattern confirms a crystal structure of TiB2 or AlB2. Due to the close 
crystal structure between AlB2, (Al,Ti)B2 and TiB2, the lattice image cannot 
distinguish them. The observed area shown in Fig. 6.3 was identified to be AlB2 by 
HR-EDS (Fig. 6.4). STEM observation (Fig. 6.3) suggested a Zig-Zag atom 
arrangement of adsorption layer along the interface on (10-10) plane of the entire 
particle. The atoms on this layers appeared to be aligned with the atoms in AlB2 
particle on (10-10) towards [0001] direction (horizontal direction).  
 
Figure 6.3 STEM HAADF image showing the atom arrangement at the AlB2 particle 
boundary. It indicates that atom arrangement on the interface layer is slightly disagreed with 
the atom on (10-10) plane of AlB2. The planer spacing of the interface layer is about 0.7 
times of the spacing on {10-10} plane of AlB2. The atom distance along horizontal direction 
is almost the same to the spacing of {0001} planes of AlB2 (courtesy of Dr. Y. Wang). 
 
In order to identify the adsorption layers on the surface of AlB2 particle, chemical 
composition mapping was carried out in the area across the Al/AlB2 interface with 
high resolution EDS (Fig. 6.4). Firstly, the HAADF image on zone axis of substrate 
particle suggests that the atom columns on the interface with Al matrix (Fig. 6.4c) 
are brighter than that in the AlB2 substrate, indicating the existence of heavier atoms. 
Secondly, Ti columns were detected at the bottom part of the image of the same 
boride particle from inside of the particle to the interface (Fig. 6.4d), which suggests 
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a structure of (Al,Ti)B2. Most importantly, as shown in Fig. 6.4b, Fe enrichment is 
clearly shown on the interface area of the AlB2 particle, which is correspondent to 
the bright atom layer in Fig. 6.4a. 
 
Figure 6.4 STEM micrographs showing (a) HADDF image of the Al/ (Al,Ti)B2 interface 
area, (b) the Fe distribution across Al/ (Al,Ti)B2 interface by HR-EDS mapping, (c) the Al 
distribution across Al/(Al,Ti)B2 interface by HR-EDS mapping and (d) the Ti distribution 
across Al/(Al,Ti)B2 interface by HR-EDS mapping (courtesy of Dr. Y. Wang). Element 
distribution maps are correspondent to the HADDF image.  
6.2 Refinement of α-AlFeMnSi phase 
6.2.1 Microstructure through Slow Cooling 
In the present study, a low cooling rate was achieved in CF condition with and 
without electromagnetic (EM) field provided by induction furnace. In the CF process 
without EM field the sedimentation of compact Fe-containing particles were 
inevitable. The morphology of the primary α-AlFeMnSi in CF samples of Al-5Mg-
2Si-1.2Fe-0.7Mn alloy with and without Al-Ti-B(Fe) addition are shown in Fig. 6.5. 
The primary α-AlFeMnSi particles were much smaller in size, larger in number 














Figure 6.5 Optical micrographs showing primary Al12(Fe,Mn)3Si in Al-5Mg-2Si-1.2Fe-
0.7Mn alloy (a) and (c) without and (b) and (d) with Al-Ti-B(Fe) addition (nominally 1000 
ppm synthetic TiB2) under the same container (graphite crucible) and the same cooling 
condition (CF). Solid arrow (thin) indicate that TiB2 particle clusters (dark dots). Dash line in 
(c) and (d) refers to the gravitational segregation line for α-AlFeMnSi particles of each 
sample. 
 
was introduced compared to that without Al-Ti-B(Fe) addition under the same 
casting condition (graphite crucible and cooling in furnace). The primary particles 
distribute at more than 2μm and less than 0.5μm from the bottom of crucible surface 
in the alloy with (Fig. 6.5d) and without Al-Ti-B(Fe) (Fig. 6.5c) addition 
respectively. This proved that the primary α-AlFeMnSi experienced a more severe 
gravitational settling effect to the bottom of the crucible when there was no Al-Ti-
B(Fe) addition. When there is no Al-Ti-B(Fe), eutectic α-AlFeMnSi was often seen 
to develop from the primary α-AlFeMnSi, whilst the growth of eutectic α-AlFeMnSi 
on primary particle was significantly supressed when Al-Ti-B(Fe) was added to the 
alloy. On the other hand, TiB2 particles were found within the primary α-AlFeMnSi 
in Al matrix and mostly along the grain boundaries (Fig. 6.5b); TiB2 particles also 
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suffered from the gravitational settling as they agglomerated at the bottom part of the 
crucible (Fig. 6.5d). 
6.2.2 Microstructure through Water Quench 
In order to investigate the solidification process of α-AlFeMnSi at primary α-
AlFeMnSi formation temperature range, water quench experiment using a quartz 
tube was performed using the Al-5Mg-2Si-1.2Fe-0.7Mn alloy with and without Al-
Ti-B(Fe) addition. The water quench temperature (660˚C, 650˚C, 640˚C and 630˚C) 
was carefully selected to be within the primary α-AlFeMnSi formation temperature 
range (670.4 – 620.5˚C) according to equilibrium phase diagram (Fig. 4.1). The melt 
was stirred and cooled to the selected quenching temperatures in controlled magnetic 
field powered with an induction furnace before water quenched in quartz tubes. As 
describe in Section 3.2.5 that the characterization of the resultant alloy was 
conducted at longitudinal section of the quenched cylinder samples (6mm in 
diameter) that was about 4 to 5cm from the top side of the sample. The 
microstructures of the quartz tube water quench (TQ) sample at different quenching 
temperatures (660˚C, 650˚C, 640˚C and 630˚C) are shown in Fig. 6.6. The Primary 
α-AlFeMnSi particles, with a compact polyhedral morphology, were retained in the 
liquid melt due to magnetic stirring powered by induction furnace, instead of settling 
quickly due to the gravity. Porosity is observed at the centre of the quenched sample 
(Fig. 6.6d), next to TiB2 clusters (Fig. 6.6f) and alongside α-AlFeMnSi particles (Fig. 
6.6c and 6.6h). Cracks are often seen to penetrate primary α-AlFeMnSi particles (Fig. 
6.6e and 6.6h) 
6.2.3 Sedimentation 
Gravity segregation is a common phenomenon when a second phase, such as 
inclusions, in-situ immiscible substances and primary phases in liquid metal, has a 
different density than the melt (Yang, Yang and Ji, 2015; Mondolfo, 2013; Mondolfo, 
2013; Zhang et al., 2012; Shabestari, Keshavarz and Hejazi, 2009; Cao, Saunders 
and Campbell, 2004; Murty, Kori and Chakraborty, 2002; Murty et al., 1999; Jones 









Figure 6.6 Optical micrographs showing the microstructure of Al-5Mg-2Si-1.2Fe-0.7Mn 
alloy without Al-Ti-B(Fe) addition quenched from (a) 660˚C, (c) 650˚C, (e) 640˚C and (g) 
630˚C, and with 2wt.%  Al-Ti-B(Fe) addition quenched from (b) 660˚C, (d) 650˚C, (f) 640˚C 
and (h) 630˚C.  
164 
 
tend to settle towards the bottom of the crucible since the density of liquid Al is 
(2.38g/cm
3
) lower than those of the two phases. Thus, these two kinds of particles 
were observed in the bottom of the crucible (Fig. 6.5c and Fig. 6.5d). With Al-Ti-
B(Fe) addition, the refined primary α-AlFeMnSi particles, shows lower amount of 
segregation due to gravity; they locate at the same vertical level with TiB2 sediment, 
whilst the upper areas of the CF sample where not much TiB2 did not contain refined 
primary α-AlFeMnSi particle. This negative effect from gravity segregation can be 
reduced by magnetic stirring of the melt during electromagnetic induction heating. 
As shown in Fig 5.6, the particle distribution in the liquid melt in quartz tube water 
quench experiment is uniform due to the magnetic field provided by induction 
furnace during heating. 
 
Figure 6.7 Primary α-AlFeMnSi size distribution in furnace cooled Al-5Mg-2Si-1.2Fe-
0.7Mn alloy with (blue) and without Al-Ti-B(Fe) addition (red). The distributions are fitted 
by lognormal functions as suggested by solid curves. The entire solidified sample was 
examined. The mean primary α-AlFeMnSi particle sizes with and without Al-Ti-B(Fe) 
addition are 110.9±45.5μm and 251.3±75.3μm, respectively. The primary α-AlFeMnSi 
number density was 0.05±0.004/mm
2
 without Al-Ti-B(Fe) addition, and the primary α-
AlFeMnSi number density was 1.09±0.02/mm
2




6.2.4 Volume Fraction, Particle Density and Size Distribution of 
Primary α-AlFeMnSi 
The measured size distribution of the primary α-AlFeMnSi particles in Al-5Mg-2Si-
1.2Fe-0.7Mn alloy solidified with CF condition is presented in Fig. 6.7. The 
distributions of primary α-AlFeMnSi with and without the Al-Ti-B(Fe) addition are 
fitted with a lognormal function. Considering the primary particles are affected by 
gravity segregation, the whole longitudinal transverse section of CF sample was 
examined for a comprehensive assessment of particle density. The density of primary 
α-AlFeMnSi in the entire sample is 0.05±0.004/mm
2
 when no Al-Ti-B(Fe) is added 
(reference alloy); with the addition of 2wt.% Al-Ti-B(Fe), the particle density 
increased dramatically by 20 times to 1.09±0.02/mm
2
 of that in reference alloy. The 
average particle sizes of the primary α-AlFeMnSi in the CF sample with and without 
Al-Ti-B(Fe) addition are 110.9±45.5μm and 251.3±75.3μm, respectively. 
  
Figure 6.8 Volume fraction of primary α-AlFeMnSi with and without TiB2 addition using 
Al-Ti-B(Fe) as a function of temperature in transverse section of Al-5Mg-2Si-1.2Fe-0.7Mn 
alloy by quartz tube water quench. Quantification was performed on at least 10 frames of 
3.81mm
2
































Volume fraction of the primary α-AlFeMnSi with nominally 2wt.% Al-Ti-B(Fe) 
addition is determined from the quartz tube water quench samples with the melt being 
cooled to 660˚C, 650˚C, 640˚C, 630˚C and 620˚C in a magnetic field before water 
quenched in quartz tubes. As shown in Fig. 6.8, the volume fraction of primary α-
AlFeMnSi increase with the decreased quenching temperatures before stabilizing at 
the final value. When there is no TiB2 addition (reference sample), it increased 
rapidly from 0.05±0.03vol.% at 660˚C to 2.3±0.7vol.% at 640˚C and followed by a 
small increase to 2.9±1.1vol.% until 620˚C; when there is 2wt.% Al-Ti-B(Fe) master 
alloy (1500ppm TiB2) addition, the volume fraction increased to 1.1±0.6vol.% at 
655˚C, followed by a considerable increase to 3.2±0.7vol.% at 630˚C before a small 
decrease to 3.0±0.5vol.% at 620˚C. In reference sample the primary α-AlFeMnSi are 
less at high quenching temperature (from 650˚C to 645˚C) compared with TiB2 
added sample, their volume fractions was similar at 2.9±0.9vol% and 3.0±0.8vol% 
when quenching from 625˚C and 620˚C, respectively. The overall volume fraction of 
primary α-AlFeMnSi was stabilized at around 2.9±0.6vol.% when quench 
temperature decreased with and without addition of Al-Ti-B(Fe). The volume 
fraction of primary α-AlFeMnSi increased with time as temperature decreases in the 
furnace cooling stage; the volume fraction increase of primary α-AlFeMnSi stops as 
the growth of α-AlFeMnSi at water quench stage was severely restricted due to 
insufficient growth time, and the remaining of the solute atoms contributed to the 
growth of eutectic α-AlFeMnSi or other Fe-IMCs. 
As shown in Fig. 6.9, when Al-Ti-B(Fe) is added, the average size of primary α-
AlFeMnSi, is approximately half (61%) of the average particle size in the reference 
for all the selected quenching temperatures, except when quenching from 660˚C 
where the primary α-AlFeMnSi was not observed and quenching from 655˚C where 
primary α-AlFeMnSi particles with and without Al-Ti-B(Fe) are similar in size 
(14.4±5.1μm). Also, the size of α-AlFeMnSi in both alloys with and without Al-Ti-
B(Fe) addition shows an increase trend as the quenching temperature decreases. In 
the presence of Al-Ti-B(Fe), the average size of primary α-AlFeMnSi particle 
increase gradually from 12.5±2.0μm at 655˚C to 73.6±20.1μm at 620˚C, and reaches 
its peak (within error margin due to small sample volume). Meanwhile, in the 
reference alloy, the average particle size increased considerably and continuously 
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from 16.3±3.1μm at 655˚C to 127.0±26.1μm at 620˚C and outreach its peak 
127.3±36.2μm at 630˚C.  
Additionally, as shown in Fig. 6.9, the number density of primary α-AlFeMnSi 
particles was approximately 3.5 times larger when there is Al-Ti-B(Fe); it reached  
 
Figure 6.9 Comparisons of the number density and average particle size of primary α-
AlFeMnSi in Al-5Mg-2Si-1.2Fe-0.7Mn as a function of temperature, showing the effect of 
Al-Ti-B(Fe) addition on particle size and number density. More than 1300 α-AlFeMnSi 
particles were included for this quantification analysis. 
 
5.2±1.2/mm2 when quenched from 655˚C where the particle density was 
approximately 25 times higher compared with the alloy without Al-Ti-B(Fe) addition 
(about 0.2±0.1/mm
2
). Further, the particle density reached 9.6/mm
2
 when quenched 
from 640˚C after the sharp increase when quench from 655˚C, and then stabilized in 




 as the quenching temperature decreases. When 
there is no Al-Ti-B(Fe) addition, its number density increased considerably and 
gradually from 0.05/mm
2
 at 660˚C to 3.6±1.6/mm
2





 as quenching temperature decreased. The density 
increase of primary α-AlFeMnSi particle was approximately 2 times by the Al-Ti-






















































Figure 6.10 SEM micrographs showing (a) and (b) morphology of primary α-AlFeMnSi in 
quartz tube 650˚C water quenched sample of Al-5Mg-2Si-1.2Fe-0.7Mn alloy with Al-Ti-
B(Fe) addition; SEM/EDS analysis corresponding to (a) and (b) showing the elemental 


















6.3 Nucleation of Fe-IMCs on TiB2 particles 
6.3.1 TiB2 Particles inside α-AlFeMnSi Phase 
The physical contact between nucleation substrate and nucleation phase is an 
essential factor for heterogeneous nucleation (Fan, 2013; Turnbull, 1953). Similar to 
the coexistence of primary α-AlFeMnSi with oxides films and cracks in alloys with 
no Al-Ti-B(Fe) addition, TiB2 particles or clusters were commonly observed to have 
physical contact with the α-AlFeMnSi phase when Al-Ti-B(Fe) master alloy was 
introduced to the alloy. As shown in Fig. 6.10, Ti and B, located at the centre of the 
primary α-AlFeMnSi particle, were confirmed with SEM/EDS mapping. The 
SEM/EDS suggests these TiB2 containing particles are α-AlFeMnSi. The 
stoichiometry of the α-AlFeMnSi particle is determined as Al12(Fe,Mn)3Si based on 
SEM/EDS analysis. 
EBSD analysis was also carried out to confirm the crystal structure of the particles 
included in the primary α-AlFeMnSi particle. As shown in Fig. 6.11, there are 
multiple TiB2 particles embedded in the primary α-AlFeMnSi grain; also few TiB2 
particles were observed at both the interface between α-Al and α-AlFeMnSi and α-Al 
grain boundaries. As shown in Fig. 6.11c, eutectic branches of α-AlFeMnSi 
developed from primary α-AlFeMnSi particle exhibit coherent orientation with 
primary particle given the same colour in Inverse Pole Figure (IPF). 
6.3.2 Orientation Relationships (ORs) between TiB2 and Fe-IMCs 
Specific orientation relationships between nucleation substrate and nucleation phase 
is an essential factor for a heterogeneous nucleation event (Fan, 2013; Bramfitt, 
1970). TEM examination investigated the orientation relationship between TiB2 
particles and Fe-IMCs in both Al-Ti-B(Fe) master alloy and Al-5Mg-2Si-1.2Fe-
0.7Mn alloy. Fig. 6.12a is a bright field TEM micrograph showing a faceted particle 
and its adjacent Fe-IMC particle in Al-Ti-B(Fe) master alloy. TEM/EDS revealed 
that the chemical composition of the faceted particle has a stoichiometry of TiB2 and 
its neighbouring particle has the stoichiometry of Al13Fe4. Further, TEM observation 
(Fig. 6.12) shows lattice image (Fig. 6.12b) where the incident beam is parallel to 




Figure 6.11 EBSD analysis showing (a) the morphology of primary α-AlFeMnSi particle, (b) 
phase distribution image and (c) Inverse Pole Figure (IPF) of the frame area; (d) orientation 
index table under cubic crystal system corresponding with (c). Positions of α-Al and α-
AlFeMnSi are marked in (b) as red and yellow, respectively. Location of TiB2 particles is 
indicated with arrows and shown blue in (b). The Al, TiB2 and α-AlFeMnSi were indexed 
with Al (ICSD 43423), TiB2 (ICSD 56723) and Al4MnSi0.74 (ICSD 59362), respectively. 
TiB2 (bottom-right part), the SAED of Al13Fe4 (Fig. 6.12c) on the orientation of [020] 
and the SAED of TiB2 (Fig. 6.12d) on the direction of [10-10]. Particularly, Fig. 
6.12e gives a schematic illustration of the orientation relationship: 
(001)[020] Al13Fe4 // (11-20)[10-10] TiB2 
with a tilt angle of 5.4˚ between the directions of (001)[100] Al13Fe4 and (11-
20)[0001]TiB2. As shown in Fig. 6.13, one atom layer on (001) plane of Al13Fe4 and 
one atom layer on (11-20) plane of TiB2 overlapped to demonstrate atomic matching 
at the interface. It suggests a 5.4˚ tilt angle in lattice matching, as illustrated in Fig. 
6.13b. Also, it shows atomic misfits for three pairs of orientations on the (001) 










OR1: (001)[020] Al13Fe4 // (11-20)[10-10] TiB2, f1= 1.6%; 
OR2: (001)[100] Al13Fe4 // (11-20)[0001] TiB2, f2 = 8.8%; 
OR3: (001)[120] Al13Fe4 ∠6.05˚ (11-20)[10-11] TiB2, f3 = 4.2%. 
 
Figure 6.12 Transmission Electron Microscopy showing (a) the bright field image of local 
area of Al13Fe4 and it adjacent TiB2 particle; (b) high resolution image of the interface (white 
rectangle in (a)) of Al13Fe4 (top-left) and TiB2 particles (bot-right) when incident electron 
beam is parallel to both [10-10] of TiB2 and [020] of Al13Fe4; (c) the SAED pattern of 
Al13Fe4 on the zone axis of [020]; (d) the SAED pattern of TiB2 on the zone axis of [10-10]; 
and (e) a schematic illustration of SAED patterns that suggest an orientation relationship of 




The crystallographic observation of TiB2 particle in Al-5Mg-2Si-1.2Fe-0.7Mn alloy 
was conducted on CF sample in which there is a higher number density for both α-
AlFeMnSi and TiB2 particles. Fig. 6.14a is a bright field TEM micrograph showing 
faceted particles either embedded in the α-AlFeMnSi particle or at the α-
AlFeMnSi/α-Al interface. TEM/EDS analysis suggested that the stoichiometry of 
faceted particle and its containing particle are TiB2 and Al12(Fe,Mn)3Si, respectively. 
An example of crystallographic relation between the TiB2 and α-AlFeMnSi is  
 
Figure 6.13 A schematic illustration for the nucleation of Al13Fe4 on (11-20) surface of TiB2 
particle showing (a) atomic matching on (001) plane of Al13Fe4 and (11-20) plane of TiB2 
which has three orientation relationships indicated: [020] Al13Fe4// [10-10] TiB2, [120] 
Al13Fe4// [10-11] TiB2 and [100] Al13Fe4// [0001] TiB2 with the lattice misfit of 1.6%, 4.2% 
and 8.8%, respectively; (b) an angle of 5.4˚ between the directions of (001)[100] Al13Fe4 and 
(11-20)[0001] TiB2 viewing from [020] Al13Fe4 in (a). The boron, aluminium, iron and 
titanium atoms are marked as green, red, brown and blue spheres, respectively. The atom 
reconstruction was performed on Crystal Maker. 
revealed by further TEM investigation showing that high resolution lattice image of 
TiB2/α-AlFeMnSi interface area (Fig. 6.14b) where the incident beam is parallel to 
the [111] direction of α-AlFeMnSi (left) and [10-10] direction of TiB2 (right), the 
SAED of α-AlFeMnSi on the orientation of [111] (Fig. 6.14c) and the SAED of TiB2 
173 
 
on the orientation of [10-10] (Fig. 6.14d). For this TiB2 and α-AlFeMnSi couple, Fig. 
6.13e gives its schematic illustration of the orientation relationship: 
(0-11) [111] α-AlFeMnSi // (0001)[10-10] TiB2 
with a twist angle 4.5˚ between the direction of (0-11) [111] α-AlFeMnSi // 
(0001)[10-10] TiB2. The overlapped atomic arrangement on (0-11) plane of α-
AlFeMnSi and (0001) plane of TiB2 is twisted and shown in Fig 6.15 to demonstrate 
the nucleation interface at atomic level. Only one layer of Fe atoms on (0-11) plane 
of α-AlFeMnSi and one player of Ti atoms on (0001) plane of TiB2 were taken into 
the reconstruction in Fig. 6.15a as the effect from the second layer can be ignored; 
the nucleation interface of the multiplied basal plane of TiB2 crystal cells and one 
atom layer on (0-11) plane of α-AlFeMnSi is shown in 3D in Fig. 6.15b. As 
indicated in Fig. 6.15a the TiB2 atom arrangement on its (0001) plane was twisted 
4.5˚ clockwise and matched with (0-11) plane of α-AlFeMnSi, showing calculated 
atomic misfits using atom spacing on two pairs of orientations: 
OR1: (0-11)[100] α-AlFeMnSi // (0001)[-2110] TiB2, f1 = -2.5%; 
OR2: (0-11)[111] α-AlFeMnSi ∠4.5 (0001)[10-10] TiB2, f2 = 3.02%. 
6.4 Discussion  
6.4.1 Formation of TiB2 particle 
There are two main methods to produce in-situ TiB2, salts reaction (K2TiF6 + KBF4) 
and master alloys reaction (Al-Ti + Al-B) (Emamy, Mahta and Rasizadeh, 2006; Han, 
Liu and Bian, 2002; Tee, Lu and Lai, 1999; Davies, Kellie and Wood, 1992). In this 
work, the latter was employed using the chemical composition on the boron rich side 
of stoichiometric TiB2 (i.e. with a Ti/B weight ratio < 2.2) to prevent the adsorption 
replace each other to form (Al,Ti)B2. However, Maxwell and Zupanic reported that 
of free Ti atom to TiB2. Regardless of the production method, there is debate that, 
although TiB2 is a thermodynamically stable phase, whether AlB2 and TiB2 exist as 
two separate phases or as a continuous solid solution, (Al,Ti)B2, when there is excess 
B (Fjellstedt, Jarfors and Svendsen, 1999; Zupanič, Spaić and Križman, 1998a; 
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Arnberg, Backerud and Klang, 1982; Cornish, 1975; Maxwell and Hellawell, 1975b; 
Backerud, 1971). Cornish and Backerud have identified that Al or Ti atoms can the  
 
Figure 6.14 Transmission Electron Microscopy showing (a) the bright field image of faceted 
TiB2 particles and a nucleated primary α-AlFeMnSi particle, (b) the high resolution image of 
the interface (indicated in (a)) of TiB2 (right) and α-AlFeMnSi (left) particle s when the 
incident beam is parallel to both [10-10] of TiB2 and [111] of α-AlFeMnSi, (c) the SAED 
pattern of TiB2 particle on the zone axis of [10-10] and (d) the SAED pattern of α-AlFeMnSi 
particle on the zone axis of [111]; (e) a schematic illustration of SAED patterns that suggest 
an orientation relationship of (0-11)[111] α-AlFeMnSi // (0001)[10-10] TiB2. The 
experimental results shows that there is a 4.5° twist between (0001)[10-10] of TiB2 and (01-




Figure 6.15 A schematic illustration for the nucleation of α-AlFeMnSi on (0001) surface of 
TiB2 particle showing (a) atomic matching on 4.5˚ clockwise twisted (0-11) plane of α-
AlFeMnSi and (0001) plane of TiB2 which has two orientation relationships indicated: 
Vector 1 (V1) α-AlFeMnSi // [-2110] TiB2, [111] α-AlFeMnSi // [10-10] TiB2 with the lattice 
misfit of -2.50% and 3.02%, respectively; (b) 3D atomic matching (corresponding to (a)) of 
the interface of the basal plane multiplied TiB2 crystal cells and one atom layer on (0-11) of 
α-AlFeMnSi. The boron, aluminium, iron and titanium atoms are marked as green, red, 
brown and blue spheres, respectively. The atom reconstruction was performed on Crystal 
Maker. 
large particles and particles heat treated for a long-time tend to be close to AlB2 and 
TiB2 (Zupanič, Spaić and Križman, 1998a). Additionally, an update by Fan and co-
workers suggest that alloying elements addition promotes thermodynamic stability of 
TiB2 in Al-Ti-Β-“X” system by affecting their activity coefficients (Fan, Yang and 
Zhang, 2005) , which is also adopted here to increase the stability of reaction product 
of current Al-Ti-B(Fe) master alloy. The potential reaction of this method should be: 
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AlB2 +Al3Ti TiB2 +4Al, ∆G= -184.3 kJ/mol                                             (R6.1) 
or 
Ti+AlB2 TiB2 +Al, ∆G= -290.8 kJ/mol                                                     (R6.2) 
The free energy calculation is based on PanAl2013 database using a temperature of 
1173K. As shown in Fig. 6.2, the main peaks have confirmed predominant presence 
of TiB2 or (Al,Ti)B2, small amount of AlB2 and a minor amount of Al3Ti after 8 
hours of reaction time. As suggested in Fig. 6.4d, the (Al,Ti)B2 duplex particle has 
much higher Ti concentration on TiB2 side, which tends to suggest that the (Al,Ti)B2 
duplex particle comprised of AlB2 and TiB2, instead of a continuous solid solution. 
However, it is difficult to eliminate the possibility that there is an insignificant 
amount of Ti replacing Al on the AlB2 side of duplex particle. According to Zupanic 
(Zupanič, Spaić and Križman, 1998a), AlB2 and TiB2 should be the dominant 
stoichiometry of the borides, the existence of (Al,Ti)B2 particles (Fig. 6.4) strongly 
indicates that there is no sufficient amount of free Ti to feed the reaction Ti + B ↔ 
TiB2. Therefore, it is believed that, in the Αl-Ti-B(Fe) master alloy, there is 
insufficient free Ti to form the 2D compound Al3Ti on (0001) plane of TiB2 particle 
(Fan et al., 2015), which potentially allows the adsorption of other elements on TiB2 
surface. The quantification of product particles of the reactions is not conducted due 
to the difficulties in distinguishing TiB2 and (Al,Ti)B2.  
6.4.2 Nucleation Potency of Modified TiB2 for Primary α-AlFeMnSi 
6.4.2.1 Comparison of Potential Nucleation Substrate 
The interfacial energy at substrate/liquid (SuLi) interface plays a critical role during 
heterogeneous nucleation. However, a simple description of interfacial energy 
change and contact angle change is not enough to evaluate the nucleation potency of 
the specific substrate (Porter, Easterling and Sherif, 2009; Cao and Campbell, 2003; 
Bramfitt, 1970; Johnson Jr and Dettre, 1964). It has been commonly accepted that 
lattice mismatching at interface of substrate and nucleated solid can be used to 
evaluate the nucleation potency of the specific substrate: the higher the lattice 
mismatch, the lower the potency for heterogeneous nucleation. As shown in Table 
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6.1, the lattice parameters of substrate and nucleated crystals at 600˚C were 
calculated using the corresponding thermal expansion coefficients (Martienssen and 
Warlimont, 2006). For the present study, there are a few particles in alloy melt which 
could act as nucleation substrate for α-AlFeMnSi, such as MgAl2O4, MgO, γ-Al2O3  
Table 6.1 Comparison of the lattice misfits between close-packed planes of potential 
substrate particles and α-AlFeMnSi. 








































1.088 2×0.560 -0.30 
α-AlFeMnSi/ 
TiB2 






1.088 2×0.523 3.85 
* The “N” refers to Nucleation phase; the “S” stands for substrate. 
** α-AlFeMnSi has a Body Centre Cubic (BCC) crystal structure with a lattice 
parameter of 1.256nm (Cooper, 1967). 
 
and TiB2. Table 6.1 gives the calculated lattice misfit values with the close-packed 
planes of α-AlFeMnSi and the substrates being parallel each other.  It is obvious that 
the lattice misfit between the close-packed plane of the Fe-containing phases and 
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TiB2 is relatively small compared with the cases of MgO and MgAl2O4. Thus, TiB2 
is a potent substrate for the nucleation of primary α-AlFeMnSi in Al-Mg-Si-Fe-Mn 
system. γ-Al2O3 has an even smaller misfit with α-AlFeMnSi, but the nucleation 
might be severely restricted due to the highly agglomerated distribution γ-Al2O3.  
In addition, considering the nearly identical crystal structure of TiB2 (HCP, a=0.3028, 
c=0.3228 (Johnsson and Eriksson, 1998)), (Al,Ti)B2 and AlB2 (HCP, a=0.3010nm, 
c=0.3245nm (Hofmann and Jäniche, 1936)), the potencies in terms of lattice 
mismatching for potential nucleation on these particles in the master alloy are 
considered essentially the same. 
6.4.2.2 Atom Arrangement of Nucleation Interface 
Misfit, commonly used to evaluate the nucleation potency, indicates the perfectness 
of the lattice matching, but it doesn’t necessarily consider the atomic matching at the 
interface. For complex crystal system, such as intermetallic compounds which 
sometime has pseudo-symmetry (Hwang, Doty and Kaufman, 2008; Black, 1955), 
lattice structure parameters are not enough to represent the real situation of atom 
arrangement at nucleation interface (Cooper, 1967; Black, 1955). The edge-to-edge 
matching model proposed by Zhang and Kelly (Zhang and Kelly, 2005a) and the 
epitaxial nucleation model proposed by Fan (Fan, 2013) consider the role of the atom 
arrangement during the nucleation event. Atomic matching of Al13Fe4 and TiB2 
interface on three directions is illustrated in Fig. 6.13, showing small misfits of 1.6%, 
4.2% and 8.8% on all three directions, which are (001)[020] Al13Fe4 // (11-20)[10-10] 
TiB2, (001)[120] Al13Fe4 // (11-20)[10-11] TiB2 and (001)[100] Al13Fe4 // (11-
20)[0001] TiB2. This strongly suggests a good nucleation potency of TiB2 for Al13Fe4. 
For the nucleation of α-AlFeMnSi on the {0001} surface of TiB2 particle, as shown 
in Fig. 6.15, atomic matching on three directions have been indicated suggesting two 
small misfits of -2.5% and 3.0% on the directions of (0-11)[111] α-AlFeMnSi // 
(0001)[10-10] TiB2 and (0-11)[100] α-AlFeMnSi // (000)[-2110] TiB2. However, as 
shown in Table 6.2, misfits calculated with lattice parameters and crystal structures 
disagrees with the misfit calculation based on the atom arrangement on the 
nucleation interfaces. It appears that, on the orientation matches confirmed with 
TEM, the atomic misfit tends to be smaller compared with the lattice misfit. This 
suggests that the structure templating plays a crucial role at accommodating through 
179 
 
twist in the lattice when the lattice misfit (Table 6.2) is large, which consequently 
leads to a significant misfit decrease between the substrate and nucleating phase. 
Thus, the heterogeneous nucleation of Al13Fe4 on TiB2 and α-AlFeMnSi on TiB2 can 
be significantly facilitated by the lattice twisting. 
6.4.2.3 Adsorption of Fe on TiB2 
In nucleation behaviour investigation, the elemental segregation is an essential 
consideration. The Fe enrichment on the surface of (Al,Ti)B2 particle, as shown in 
Table 6.2 Comparisons of lattice mismatching and atomic mismatching on the 
nucleation interface of Fe-IMCs and TiB2 substrates.  













[020]//[10-10] -1.6 1.6 [100]//[-2110] 1.91 -2.5 
[100]//[0001] -24.7 8.8 [111]//[10-10] 6.6 3.0 
[120]//[10-11] -17.6 4.2 - - - 
* α-AlFeMnSi is denoted as α-Fe. 
** The lattice parameters of TiB2, Al13Fe4 and α-AlFeMnSi are collected from 
(Johnsson and Eriksson, 1998), (Black, 1955) and (Cooper, 1967), respectively. 
 
Fig. 6.4b, clearly suggests Fe segregation on the (Al,Ti)B2/α-Al interface. Similar 
segregation behaviours were observed in many systems (Yu et al., 2012; Jiang and 
Carter, 2005; Belton, 1976; Gibbs, 1906). According to application of Gibbs 
adsorption rule in liquid metal system (Belton, 1976; Gibbs, 1906), metallic solute 
atoms in the alloy melt is very like to segregate to the L/N interface if this 
segregation leads to a reduction of surface energy. According the equilibrium binary 
Al-Fe phase diagram, the Al13Fe4 is stable when Fe concentration is higher than 
0.052wt.% which is surpassed by Fe content (0.5wt.%) in current Αl-Ti-B(Fe) master 
alloy. Similar to the Ti adsorption on TiB2 particles (Fan et al., 2015), when the 
master alloy was added to the alloy, this Fe segregation layer should still be 
relatively stable because of the 1.2wt.% Fe content in the alloy. Therefore, the 
adsorption of Fe at liquid/solid interface should be thermodynamically preferred as it 
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reduces the interfacial energy. As shown in Fig. 6.3, the plane spacing of the 
adsorption atomic layer to AlB2 surface was different from the plane spacing on (10-
10) of AlB2 or (Al,Ti)B2. Considering the HRTEM results, the Fe-rich atomic layer 
potentially have Al13Fe4 atom arrangement. Thus, due to the well-matched Fe-rich 
atom layer the nucleation potency of the TiB2 is presumably changed, which is likely 
to be the factor that facilitates the nucleation of primary α-AlFeMnSi during CF and 
quartz tube water quench (TQ) experiment. 
6.4.2.4 Composition Templating 
The composition templating is a crucial parameter for heterogeneous nucleation 
potency other than structure templating (between Nucleation phase and substrate). 
TiB2 were often added to Fe-containing Al alloys, and some claimed that these 
additions influence the nucleation of Fe-IMCs. However, no refinement comparable 
to the refinement achieved in present research has been reported (Khalifa et al., 2005; 
Allen et al., 1999). As shown in the experimental result in Fig. 6.14 crystallographic 
orientation relationship observed between TiB2 and α-AlFeMnSi suggests that 
modified TiB2 (Fig. 6.3) particles act as a nucleation substrate for primary α-
AlFeMnSi. This suggests that the Fe adsorption likely reduced the interfacial energy 
between TiB2 and α-AlFeMnSi and that between TiB2 and liquid Al. This creates a 
more favourable condition for engulfing TiB2 particle into the growing α-AlFeMnSi 
after the nucleation. The observed twist angle of 4.5˚ between [111] and [10-10] 
direction on the (0-11) α-AlFeMnSi // (0001) TiB2 planes, suggested that there was a 
relatively large lattice misfit between Fe modified TiB2 and α-AlFeMnSi according 
to epitaxial nucleation mechanism (Men and Fan, 2014; Fan, 2013). For the 
heterogeneous nucleation on the substrates with a relatively large misfit, the first 
layer of the solid accommodates the majority of the lattice misfit through the 
formation of an edge dislocation network; and the second layer of the solid can twists 
a specific angle relative to the first layer along the normal of the substrate through 
the formation of screw dislocations to minimise the lattice distortion caused by 
dislocation network in the first layer (Men and Fan, 2014). Due to the complexity of 
α-AlFeMnSi lattice cell, the lattice misfit which is slightly different from the atomic 
mismatching on the (0-11)[111] α-AlFeMnSi ∠4.5 (0001)[10-10] TiB2 is 4.9%, 
which is relatively large in terms of heterogeneous nucleation. This is in good 
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agreement with Molecular Dynamics (MD) simulation of heterogeneous nucleation, 
which showed that a twist of 4-5˚ is required for heterogeneous nucleation with a 
lattice misfit of 5% (Men and Fan, 2014); it should be noted that this crystallographic 
analysis of lattice misfit does not take any consideration of the Fe segregation on the 
TiB2 surface, which is expected to modify the lattice misfit in practical cases. 
6.4.3 Efficiency of Nucleation Substrate 
Nucleation efficiency, as another critical factor for a nucleation event, is used to 
describe the fraction of the particles participating in grain initiation out of the total 
number of available particles during the entire solidification process (Fan et al., 2015; 
Fan, 2013; Li, Wang and Fan, 2012; Quested and Greer, 2004; Greer et al., 2000). It 
evaluates the potent substrate number density, size, size distribution and cooling rate 
(Li, Wang and Fan, 2012; Men, Jiang and Fan, 2010; Easton and StJohn, 2001; Greer 
et al., 2000). For instance, the oxides in Al or Mg alloys are often in the form of both 
films and agglomerate, which leads to very low nucleation efficiency (Li, Wang and 
Fan, 2012). 
6.4.3.1 Comparison of Nucleation Substrates 
When Αl-Ti-B(Fe) is added to the system, TiB2 is not the only particles and also 
Al3Ti, AlB2, (Al,Ti)B2 and Al13Fe4, are introduced to the Al alloy melt. The 
nucleation potency of a substrate includes structure templating (misfit) and 
composition templating (element adsorption) (Fan, 2013). For the relatively 
structural potent oxide particles (small Nucleus/Substrate lattice misfit), 
microstructure observation (Fig. 6.1 and Fig. 6.6) and XRD analysis (Fig. 6.2) 
suggest that there is limited amount of oxides films that are present next to cracks 
and agglomerates on the grain boundaries in the Al-Ti-B(Fe) and Al-5Mg-2Si-1.2Fe-
0.7Mn alloys; this indicates an poor nucleation efficiency of these oxides as these 
structural potent particles rarely participated in the nucleation of α-AlFeMnSi. Thus, 
despite the considerable structural potency for α-AlFeMnSi, the oxides’ contribution 
to facilitating nucleation of α-AlFeMnSi is ruled out of consideration. As shown in 
Fig. 6.1, TiB2 evenly distributed in the microstructure due to the constant stirring and 
rapid cooling, whereas AlB2 mainly exist in agglomerates. Fe modified TiB2 is the 
principle factor that contribute to the nucleation enhancement shown in Fig. 6.5. Due 
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to poor composition templating, oxides were hardly observed to nucleate α-
AlFeMnSi.  
As discussed previously, the Al3Ti has been mostly consumed during the master 
alloy preparation by 2Ti + B ⇌ TiB2; therefore the effect of Al3Ti to the refinement 
can be ignored. Some reports show that Al13Fe4 can be the seed for the nucleation for 
other Fe-IMCs (Khalifa, Samuel and Gruzleski, 2003; Kuijpers et al., 2003; Hsu et 
al., 2001), such as, β-AlFeSi, αh-AlFeSi and α-AlFeMnSi when there is Mn content. 
Given the considerable refinement of primary α-AlFeMnSi by Al-Ti-B(Fe) addition, 
the Fe adsorption layer on borides is highly likely to have the structure of Al13Fe4, 
and the nucleation of α-AlFeMnSi can be facilitated with the presence of this 
adsorption layer. 
6.4.3.2 Involvement of Multiple TiB2 during Growth 
As established previously, Fe modified TiB2 has a good nucleation potency including 
good structure templating and composition templating for α-AlFeMnSi. The 
modified TiB2 particle was considered to have relatively good nucleation efficiency 
as they were fully wetted and uniformly distributed compared with other potential 
substrates. Additionally, the coexistence of TiB2 and primary α-AlFeMnSi (Fig. 6.10, 
5.11, 5.12a and 5.14a) strongly suggests a nucleation relationship between TiB2 and 
primary α-AlFeMnSi. The orientation relationship (Fig. 6.14) and good atomic 
matching (Fig. 6.15) on the TiB2/α-AlFeMnSi interface further confirms that the 
potent TiB2 was active during nucleation of α-AlFeMnSi under slow cooling rate 
(<3.5K/s). 
Meanwhile, it is very important to address the embedding of multiple TiB2 particles 
in one primary α-AlFeMnSi particle. Generally, one substrate should be enough for 
the nucleation of one particle, unless there is fragmentation which does not need a 
nucleation substrate. As shown in Fig. 6.6f, 5.6h, 5.11b and 5.14, there are multiple 
TiB2 particles embedded in one primary α-AlFeMnSi. It is a common phenomenon 
for composite alloys where the composite particles ejected into the inter-dendritic 
regions, which show the microstructure of multiple particles embedded in dendritic 
grain. However, as established in Chapter 4, α-AlFeMnSi as a faceted particle show 
a strong anisotropy on some specific orientations, such as <111> (Fig. 4.4 and Fig. 
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4.5); which is highly likely to lead to the capture of solid particles during the growth. 
Especially, when there is TiB2 cluster neighbouring the substrate TiB2 particle, the 
TiB2 agglomerates forms within the primary α-AlFeMnSi particle. Therefore, the 
TiB2 clusters neighbouring the substrate TiB2 and the growth mechanism of faceted 
primary α-AlFeMnSi result in the excess TiB2 particles trapped within the primary α-
AlFeMnSi. 
6.4.4 Nucleation Behaviour of α-AlFeMnSi by Inoculation of 
Modified TiB2  
6.4.4.1 Undercooling 
Undercooling is one of the common factors that characterise the substrates’ 
nucleation ability. The maximum undercooling can be significantly decreased when 
there is a potent nucleation substrate; and it can be further reduced if the potent 
substrate has good nucleation efficiency (Men and Fan, 2011; Men, Jiang and Fan, 
2010; Quested and Greer, 2004; Greer et al., 2000; Becker and Döring, 1935). As 
shown in Fig. 6.8 and 5.9, large amount primary α-AlFeMnSi was first observed in 
sample quenched from 655˚C with Al-Ti-B(Fe) addition, whereas good amount (0.9% 
in volume fraction) of primary α-AlFeMnSi only starts to be observed in 650˚C 
quenched sample in reference alloy. The Fig. 6.9 shows that the number density 
increase of primary α-AlFeMnSi is a continuous process after the first nucleation 
event, indicating a continuous nucleation event. It suggests that the nucleation 
commence at around 650˚C for α-AlFeMnSi in reference alloy and 655˚C for the 
alloy with Al-Ti-B(Fe) addition. In other words, the nucleation undercooling for 
primary α-AlFeMnSi was reduced by the Al-Ti-B(Fe) inoculation changing from 20-
15K to 15-10K at 0.15K/s cooling rate suggesting approximately 5K reduction in 
undercooling for the solidification of primary α-AlFeMnSi. Fig. 6.9 shows that the 
number density increase significantly slows at 650˚C and 645˚C in the alloys with 
and without Al-Ti-B(Fe) addition, respectively. This phenomenon is considered to be 
a result of solute concentration reduction during the continuous solidification of 
primary α-AlFeMnSi leading the phase diagram drifting to the Al-rich side. 
Therefore, the undercooling required to activate more nucleation site cannot be met 
as liquid temperature decreases. Additionally, the solute diffusion in the induction 
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furnace experiment (0.15K/s) is considered less efficient compared with cooling in 
furnace experiment (0.02K/s), and the solute consumption during the solidification of 
primary α-AlFeMnSi should be lower at a higher cooling rate at the sample 
temperature. Thus, higher cooling rate can provide a larger undercooling when liquid 
temperature was the same, which leads to activation of many more nucleation site for 
primary α-AlFeMnSi. As a result the number density of primary α-AlFeMnSi in the 
alloy with Al-Ti-B(Fe) addition at 0.15K/s (Fig. 6.9) was 9.2/mm
2
 with is higher 
than 1.09±0.02/mm
2
 when cooling rate was 0.02K/s (Fig. 6.7). 
6.4.4.2 Kinetics 
The experimental observation (Fig. 6.5, Fig. 6.6 and Fig. 6.7) of primary α-
AlFeMnSi show that with Al-Ti-B(Fe) addition the average size can be reduced to 
less than half of that obtained in the reference and the number density can be 
increased considerably. When cooling in furnace at a cooling rate of 0.02K/s (Fig. 
6.7), the number density of primary α-AlFeMnSi increased 20 times by Al-Ti-B(Fe) 
addition, however the number density of primary α-AlFeMnSi only increased by 2 
times when cooling in induction furnace at a cooling rate of 0.15K/s (Fig. 6.9). This 
refinement effect is apparently not as significant as the effect of Al-5Ti-1B grain 
refiner for Al alloys. It is neither comparable to the grain refinement effect of well 
dispersed oxide particles in both Al- and Mg- alloys (Li, Wang and Fan, 2012; Men, 
Jiang and Fan, 2010; Greer et al., 2000). For such a complex nucleation substrate, α-
AlFeMnSi, and sophisticated nucleation grain refiner, Al-Ti-B(Fe), there are a few 
possible factors leading to this ineffective refinement result. Firstly, as the adsorption 
of liquid atoms on solid surface is a slow and kinetic dependent process (Cantor, 
2003; Kim and Cantor, 1994; Gibbs, 1906), 8 hours of reaction and holding time at 
900˚C may not allow sufficient time for both formation of TiB2 and Fe adsorption on 
TiB2 surface, which leads to a poor potency to not fully modified TiB2 or AlB2 
particles. Secondly, the relatively large formation free energy barrier means that the 
primary α-AlFeMnSi needs either relatively larger undercooling or relatively larger 
substrate even when the substrate is potent. Thus, the formation of a stable nucleation 
embryo of α-AlFeMnSi may be difficult due to the complex diffusion process and 
solute interaction at the local area during the formation of a stable nucleation embryo 
for α-AlFeMnSi. Therefore, with CF condition (0.02K/s) where there is a longer 
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diffusion time for solute atoms compared with that of 0.15K/s, the nucleation embryo 
is more likely to become stable and start free growth. Thus, it is suggested that the 
enhanced nucleation of primary α-AlFeMnSi with modified TiB2 addition are 
significantly facilitated due to the interfacial energy reduction and the diffusion and 
interactions of solute elements played a critical role at the nucleation of primary α-
AlFeMnSi on the potent substrate. 
6.5 Summary 
In this chapter, the effect of Fe modified TiB2 and (Al,Ti)B2 particle in the novel Al-
Ti-B(Fe) grain refiner for Fe-IMCs on the nucleation behaviours of primary α-
AlFeMnSi in Al-5Mg-2Si-1.2Fe-0.7Mn alloy was described. Fe adsorption was 
observed with HR-TEM on the surface of (Al,Ti)B2 particle in this novel grain 
refiner, which exists as zigzag fashion on the prismatic plane surface of the boride 
particle. With the addition of 2wt.% Al-Ti-B(Fe), under a cooling rate of 0.02K/s the 
average primary α-AlFeMnSi particle size reduced by 57.3% from 251.3±75.3μm to 





 in the entire sample. Meanwhile, with a 
cooling rate of 0.15K/s the Al-Ti-B(Fe) addition reduced the average primary α-
AlFeMnSi particle size by 40.0% from 127.3±36.2μm to 76.5±18.9μm and increase 





. At a cooling rate of 0.15K/s, the formation temperature of large fraction 
of primary α-AlFeMnSi particle increased from 650˚C to 655˚C by Al-Ti-B(Fe) 
addition, suggesting a nucleation undercooling decrease by 5K from 20K to 15K by 
Al-Ti-B(Fe) addition. In these nucleation enhanced Fe-IMC particles, TiB2 particles 
are often found within or alongside of Fe-IMC particles with SEM and TEM. Some 
orientation relationships between TiB2 and Fe-IMCs were found to be: 
(001)[020] Al13Fe4 // (11-20)[10-10] TiB2, f1 = 1.6%; 
(001)[120] Al13Fe4 ∠6.05˚ (11-20)[10-11] TiB2, f2 = 4.2%; 
and  
(0-11)[100] α-AlFeMnSi // (0001)[-2110] TiB2, f1 = -2.5%; 
(0-11)[111] α-AlFeMnSi ∠4.5 ˚ (0001)[10-10] TiB2, f2 = 3.0%. 
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The misfit was calculated with atomic mismatching instead of lattice mismatching 
based on the crystal structure of α-AlFeMnSi and TiB2. The structure templating of 
Al13Fe4 by the (11-20) TiB2 plane and α-AlFeMnSi by the TiB2 (0001) leads to the 
twist of 6.1˚ and 4.5˚ of α-AlFeMnSi, respectively. The segregation of Fe on TiB2 
surface provides composition templating and hence enhances the heterogeneous 
nucleation of the α-AlFeMnSi phase resulted in a considerable refinement of α-




Chapter 7 Conclusions 
1. Using conventional castings, the predominant primary and eutectic Fe-IMC in 
Al-5Mg-2Si-1.2Fe-0.7Mn alloy are identified as α-AlFeMnSi, which has a BCC 
crystal structure and a lattice parameter of a=1.256nm. The nucleation of 
primary α-AlFeMnSi prefers to occur at a cooling rate ≤0.8K/s independent of 
casting temperature. Otherwise, eutectic α-AlFeMnSi will be the dominant Fe-
IMC. 
 
2. The formation of eutectic α-AlFeMnSi is dependent on the primary α-
AlFeMnSi. When primary α-AlFeMnSi forms, the eutectic α-AlFeMnSi/α-Al is 
found to nucleate on primary α-AlFeMnSi initiated with eutectic α-AlFeMnSi 
branches nucleate on primary α-AlFeMnSi. When primary α-AlFeMnSi does not 
form, the α-Al nucleates first and then α-AlFeMnSi eutectic nucleates as the 
critical undercooling and solute concentration for its nucleation are satisfied, 
which eventually leads to a non-primary α-AlFeMnSi microstructure. 
 
3. The volume fraction of primary α-AlFeMnSi and eutectic α-AlFeMnSi are 
effectively manipulated with vary casting temperatures. In Al-5Mg-2Si-1.2Fe-
0.7Mn alloy, lower casting temperatures result in a significant increase in 
volume fraction of primary α-AlFeMnSi from 0.2±0.1vol.% when casting at 
680˚C to 3.6±0.5vol.% at 630˚C in TP-1 casting. As a consequence of solute 
atom consumption by the formation of primary α-AlFeMnSi, the volume 
fraction of eutectic α-AlFeMnSi decreases from 6.3±0.3vol.% to 3.4±0.3% as 
the casting temperature decrease from 680˚C to 630˚C. Meanwhile the overall 
volume fraction of α-AlFeMnSi remained constant. 
 
4. The size and composition of Fe-IMCs is significantly affected by cooling rate. In 
Al-5Mg-2Si-1.2Fe-0.7Mn alloy with a casting superheat (e.g. 20K), the size of 
primary α-AlFeMnSi increases gradually from 24.5±3.1μm to 251.3±75.3μm as 
the cooling rate decreases from 870K/s to 0.02K/s. At the meantime, the size of 
α-AlFeMnSi eutectic increases gradually from 102.0±12.1μm to 623.3±157μm. 
The Fe and Mn concentration in α-AlFeMnSi appears to be reduced by increased 
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cooling rate. The is due to the relatively insufficient solute supply when solute 
concentration is low (e.g. 1.2wt.% Fe and 0.7wt.% Mn) 
 
5. Primary α-AlFeMnSi phase grows with a star-like morphology in the early stage 
in 2D and then faceted growth starting at the “star-tips” until the faceted planes 
are connected. <111> directions of the primary α-AlFeMnSi crystal are the 
preferred growth orientations, resulting in rhombic dodecahedral morphology in 
3D when the growth is completed. For this phase the four- and five-sided 
polyhedral morphology in also observed 2D. 
 
6. The Mg content significantly influences the morphology of α-Al in both Al-
1.2Fe-0.7Mn-xMg (T3) and Al-2Si-1.2Fe-0.7Mn-yMg (Q4) alloys. The grain 
size of α-Al decreased from 1336±209µm to 513±80µm as Mg content increased 
from 0.004wt.% to 6.04wt.%) in T3 alloy and from 1233±238µm to 945±68µm 
as Mg content increased from 0.04wt.% 5.41wt.% in Q4 alloy. Meanwhile, the 
secondary arm spacing decreased gradually from 41.9±6.6µm to 24.2±5.0µm as 
Mg content increases from 0.004wt.% to 6.04wt.%) in T3 alloy and from 
32.1±4.6µm to 19.3±2.3µm as Mg content increases from 0.04wt.% 5.41wt.% in 
Q4 alloy.  
 
7. The Mg content can significantly alter the morphology of Fe-IMCs, especially 
Al6(Fe,Mn) in Al-1.2Fe-0.7Mn-xMg alloy. The increasing Mg content additively 
changes Al6(Fe,Mn) from a needle-like morphology to a lamellar morphology. 
As the consequence of the Mg segregation at the Al6(Fe,Mn)/liquid interface, an 
Mg-rich enrichment region forms in at the Al6(Fe,Mn)/α-Al interface with 
thickness of 5-20nm. This morphology change is caused by severe solute 
segregation of Mg at the preferred growth direction compared with 
perpendicular direction.  
 
8. The addition of Mg content increased the Fe-IMC eutectic lamellar spacing in 
Al-1.2Fe-0.7Mn-xMg alloys the eutectic lamellar spacing increased from 
1.3±0.3µm to 2.9±0.8µm as Mg content increased to 6.0wt.%. In Al-2Si-1.2Fe-
0.7Mn-yMg, the eutectic lamellar spacing increased from 1.4±0.3µm to 
3.3±0.8µm at the Mg content increased to 5.4wt.%. This is because non-ideal 
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Fe-Mg interaction when Mg is added to the alloy and the difference in diffusion 
efficiency of various elements.  
 
9. Fe segregation on TiB2 surface has been deliberately achieved by in-situ reaction 
of Al-Ti-B(Fe) master alloy at high temperature. HR-TEM reveals that the Fe 
adsorption on in-situ (Al,Ti,)B2 particle in this master alloy is in a zigzag fashion 
on the prismatic plane surface of the boride particle. Such adsorption on the 
nucleation catalyst surface facilitates the composition templating to enhance the 
heterogeneous nucleation process of Fe-IMCs. 
 
10. The surface modified TiB2 particles is an effective nucleation catalyst for α-
AlFeMnSi under controlled solidification. With the addition of 2wt.% Al-Ti-
B(Fe) (nominally 1500ppm TiB2), average particle size of the primary α-
AlFeMnSi is reduced by 57.3% from 251.3±75.3μm to 110.9±45.5μm under a 
cooling rate of 0.02K/s. At the same time, particle’s number density of the 





 in the entire sample.  
 
11. The surface modified TiB2 appears to be relatively moderate on the grain 
refinement of primary α-AlFeMnSi at a higher cooling rate (0.15K/s). With the 
addition of 2wt.% Al-Ti-B(Fe) master alloy, at a cooling rate of 0.15K/s the 
primary α-AlFeMnSi particle size reduced by 40% from 127.3±36.3μm to 
76.5±18.2μm and the primary α-AlFeMnSi particle number density can be 




. Meanwhile, in 
this specific Al-5Mg-2Si-1.2Fe-0.7Mn alloy, nucleation undercooling decreases 
by 5˚C from 20˚C to 15˚C by Al-Ti-B(Fe) addition. 
 
12. TiB2 particles are frequently found within Fe-IMCs particle in Al-Ti-B(Fe) 
master alloy. Specific orientation relationships between the TiB2 and the Fe-
IMCs: 
(001)[020] Al13Fe4 // (11-20)[10-10] TiB2, f1 = 1.6%; 




13. TiB2 particles are frequently found within refined Fe-IMCs particle in Al-5Mg-
2Si-1.2Fe-0.7Mn alloy with Al-Ti-B(Fe) master alloy. Specific orientation 
relationships between the TiB2 and the Fe-IMCs: 
(0-11)[100] α-AlFeMnSi // (0001)[-2110] TiB2, f1 = -2.5%; 
(0-11)[111] α-AlFeMnSi ∠4.5˚ (0001)[10-10] TiB2, f2 = 3.02%. 
 
14. This research offers new understandings on the nucleation and growth of Fe-
IMCs and grain refinement approaches for α-AlFeMnSi for optimising the 
morphology of Fe-IMCs in Fe-containing Al alloys. By implementing these 
approaches, the optimised Fe-IMC morphology in microstructure secondary Al 




Chapter 8 Suggestions for Further Work 
In the thesis, the nucleation and growth behaviour of both α-AlFeMnSi and 
Al6(Fe,Mn) with and without additional Al-Ti-B(Fe) have been discussed in order to 
further the understanding on the solidification behaviour of these Fe-IMCs. The 
effect of cooling rate on the nucleation of primary α-AlFeMnSi and Al6(Fe,Mn) was 
investigated. The results show that the nucleation of both primary α-AlFeMnSi and 
Al6(Fe,Mn) requires large undercooling and slow cooling rate compared with pure 
liquid or solid solution and the nucleation of eutectic α-AlFeMnSi and Al6(Fe,Mn) 
tend to initiate from the corresponding primary Fe-IMC particles. Additionally, the 
formation of compact primary α-AlFeMnSi can significantly reduce the volume 
fraction of coarse eutectic α-AlFeMnSi. The deep-etching technique developed in 
home successfully reveal 3D morphology of Fe-IMCs, which significantly facilitate 
the understanding on the anisotropic growth mechanism of Fe-IMCs. Mg is 
introduced to the Al6(Fe,Mn) and α-AlFeMnSi containing alloys for the 
understanding of solute on the solidification behaviours of Fe-IMCs. The result 
shows that Mg content can cause growth restriction on Fe-IMC’s, especially on their 
preferred growth directions. A novel Al-Ti-B(Fe) grain refiner for enhancing the 
homogeneous nucleation of Fe-IMCs is developed. Fe segregation layer was revealed 
by HRTEM on surface of (Al,Ti)B2 in the grain refiner. The results show that in 
controlled solidification primary the Al-Ti-B(Fe) addition can significantly refines 
the primary α-AlFeMnSi. The refinement mechanism has been discussed in detail to 
provide further understanding of the structure templating and composition templating 
for the heterogeneous nucleation. 
The critical cooling rate for the nucleation of primary α-AlFeMnSi in the alloys 
different Fe composition: The formation of compact primary α-AlFeMnSi can 
reduce the volume fraction of eutectic α-AlFeMnSi with a coarse Chinese-script 
morphology. The further investigation of these parameters can be beneficial to 
optimising the microstructure of Fe-containing secondary Al alloys. Further study on 
the effect cooling rate on the nucleation of Fe-IMCs is constructive for understanding 
the nucleation kinetics for Fe-IMCs. 
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Identification of crystal growth orientation for both eutectic α-AlFeMnSi and 
Al6(Fe,Mn): Unlike the irregular eutectics, the growth Fe-IMC eutectics appears be 
initiate from primary Fe-IMCs. A study can provide further understanding on the 
crystals with great growth anisotropy, such as Fe-IMCs. 
High resolution TEM observation on the TiB2/α-AlFeMnSi interface for the 
adsorption layer: the adsorption layer was observed in Al-Ti-B(Fe) grain refiner, 
however the direct evidence is locking for the adsorption layer on the nucleating 
substrate. The structure of this adsorption has to be understood in order to gain a 
better understanding on composition templating for heterogeneous nucleation. 
Grain refinement of Al-Ti-B(Fe) grain refiner for other Fe-IMCs: currently, the 
grain refinement was only been achieved on primary α-AlFeMnSi in during 
controlled solidification. Achieving grain refinement of various Fe-IMCs can be very 
important for further understanding on heterogeneous nucleation as well as any 
potential applications. 
Optimising the effectiveness of the Al-Ti-B(Fe) grain refiner: the study on the 
grain refinement effectiveness has been preliminary.  It is very important to be able 
to add minor amount of inclusion particles and achieve good grain refinement. This 
is crucial for any potential industrial application. 
Mechanical property evaluation of secondary Al alloys with Al-Ti-B(Fe) grain 
refiner addition: present study mainly focus on theoretical study on the 
solidification behaviour of Fe-IMCs. The mechanical property improvement by Al-
Ti-B(Fe) grain refine addition should be investigated in order to make the grain 
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